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Colloidal assembly is a dynamic phenomenon where the particulates dispersed in fluids, 
with the size over tens of nms to several µms, form into specific spatial organization resulting from 
the variations in the surroundings. The general hard sphere colloids with charged surfaces can be 
self-assembled into the periodic arrays during the drying process of the fluids. These static periodic 
arrays, namely, colloidal crystals do not possess any dynamic functionalities, but serve as a 
sacrificial template for the fabrication of various classes of 3D functional materials. On the other 
hand, some colloids themselves have their own dynamic functionalities, so that they can be 
directed-assembled in response to external triggering forces. These particles serve as an active 
element that offers dynamic changes in the properties of the material systems. 
The inorganic 3D functional meso/nanostructures were developed for the potential uses in 
thermal management applications using the self-assembled colloidal crystals as the template. 
Especially, the Fe3O4 was epitaxially grown through the complex 3D colloidal templates, after 
which the single crystal Fe3O4 3D porous structures were obtained. These materials have the 
multiple nanosized 3D interfaces to deter the phonon transport, and at the same time consist of the 
single crystals to enhance the electron transport. Through various kinds of analysis tools, we 
thoroughly characterized the materials, particularly focusing on the crystallinity, the density, the 
thermal conductivity, and the electrical conductivity. The epitaxial Fe3O4 nanoporous structures 
including the pores with 40 nm in diameter were identified to be thermally insulating and 
electrically conductive at the same time.  
 The dynamically reconfigurable colloidal assembly in the viscoelastic fluids was 
investigated with the ultimate goals of the energy harvesting. As the first step, two different 
methods of integrating the colloids into the viscoelastic media were developed. The PNIPAM 
colloids, which intrinsically possess the thermo-responsive functionality, were synthesized by two 
kinds of polymerization routes, and then incorporated into the fibrin networks hydrogels using the 
method developed. The PNIPAM microgels/fibrin networks hydrogel composites demonstrated 
the reversibly switchable mechanical property, which is multifold jump in the storage modulus 
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INTRODUCTION AND BACKGROUND 
 
The structure of three-dimensional (3D) functional materials depends on the shapes of 3D 
template, e.g. sphere or cubic, and the methods of fabrication, e.g. lithography or building-block 
assembly. The function of 3D materials is determined by the physical and chemical properties of 
their constituents, such as compositional stoichiometry, thermal conductivity, electrical 
conductivity, optical constants, and elastic/loss moduli. Self-assembled colloids can serve a 
structural template for the fabrication of 3D functional materials. On the other hand, they can be 
an active constituent that functions directly in 3D materials.  
This chapter deals with two introductory subjects. In the first section, we give an overview 
of the usage of the colloidal self-assembly as an effective way of providing structural templates of 
3D functional materials applicable to diverse areas ranging from photonics, energy storage, solar 
energy harvesting, sensing to thermal management. In the following section, we introduce 
functional colloidal assemblies that dynamically and reversibly reconfigure their spatial 
organizations and hence alter the properties of 3D functional materials in response to a variety of 
external triggering forces including the changes in chemical environment, temperature variation, 
electric/magnetic fields, and optical actuations.  
 
1.1    Self-assembled Colloidal Crystals for 3D Functional Materials 
1.1.1    Colloidal self-assembly 
Functional three-dimensional (3D) materials have been diversifying their applications from 
photonics1-6 to energy storage7-12, solar cells13,14, thermophotovoltaics (TPVs)15-19, sensors20,21, and 
thermal transport22-24 over the past years. As a way of incorporating the desired functionalities into 
3D structures, either top-down or bottom-up approach has been employed, as illustrated in Figure 
1.1. The top-down techniques accompany complex and costly processes including optical 
lithography, gas-phase deposition, and reactive-ion etching25. On the other hand, the bottom-up 
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approaches offer the potential for easier fabrication and manipulation when designing 3D 
functional materials26.  
 
Figure 1.1 – Schematics of top-down and bottom-up approaches for the fabrication of the 
functional 3D materials. Top-down: (1) ink jet printing, (2) capillary assembly, (3) 
photolithography, (4) nanoimprinting lithography. Bottom-up: (1) host-guest chemistry, (2) 
covalent immobilization onto substrate, (3) electrostatic layer-by-layer deposition, (4) self-
assembly. Adapted from ref. 27. 
Colloidal self-assembly, one of the bottom-up methods, is extensively used for the 
fabrication of 3D porous materials25,26,28-31. In colloidal suspensions, amorphous inorganic 
particles, or polymeric particles with specific geometries (sphere, cube, cylinder, etc) are dispersed 
in liquid solvents performing Brownian motion. During self-assembly process, these particles are 
packed into the ordered arrays, resulting in the formation of so-called colloidal crystals that are 
used as templates of 3D porous architectures. The colloidal crystallization is a complex process 
affected by multiple thermodynamic and kinetic factors that interfere with each other32-36. Amongst 
them, it is well known that there are three critical factors of determining the quality of the 
crystallization25, which are detailed in the following section. 
1.1.2    Requirements of colloidal crystallization 
Figure 1.2 demonstrates two types of particle-particle interactions that predominantly 
govern the colloidal crystallization: repulsions and van der Waals attractions37. High-quality 
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colloidal crystals can be obtained only when there are large enough repulsive forces compared to 
the van der Waals attractions so that the colloids do not stick to each other in the disordered form. 
The repulsive forces required for preventing premature aggregation upon particle assembly are the 
same forces that provide stability of colloidal suspensions. This indicates the stable colloidal 
suspension is essential for achieving highly-ordered crystals. The repulsive forces can be 
categorized into two examples, electrostatic repulsions in polar solvents38 and steric repulsions in 
universal solvents39. The electrostatic ones are enabled by making colloidal particle surfaces 
positively or negatively charged. The surface charges are counterbalanced by the presence of 
oppositely charged ionic species dissolved in the liquid solvent40. The steric repulsions are realized 
by physically attaching adsorbed layers such as polymers or nonionic surfactants, to the surfaces 
of the particles. The primary origin of the steric stabilization is known to be entropic40.  
 
Figure 1.2 – Two kinds of particle-particle interactions that determine the colloidal crystal quality 
as well as the colloidal suspension stability: electrostatic (or steric) repulsion and van der Waals 
attraction. The total potential energy is described as the sum of these two energies. Adapted from 
ref. 37.  
Another important factor required for attaining highly-ordered colloidal crystals is external 
driving forces acting on the colloids during self-assembly process25. Representative examples 
include the gravitation/centrifugal forces that lead particles to sediment, the evaporative capillary 
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forces that drag particles to compact at the crystal growth front, and the electric fields that attract 
oppositely charged colloids onto conductive electrodes. These forces are closely related with the 
colloidal crystal growth techniques which will be discussed later in more detail.  
Last critical factor is monodispersity of colloidal particles in the size and the shape to 
achieve highly-ordered packing of colloids25. This is to increase the entropy of the system during 
self-assembly process, thereby minimizing the total free energy41,42. In the system that is lack of 
the monodispersity, particles tend to pack into disordered arrays rather than into ordered ones to 
maximize the configurational entropy.  
1.1.3    Colloidal crystal growth techniques 
As mentioned above, the growth technique of colloidal crystals is primarily determined by 
choice of the external driving forces. Figure 1.3 shows various types of deposition techniques 
utilizing such forces ranging from gravitational force43-45, capillary force26,29,46-48, electric field49-
55, magnetic field56-58, and shear flow59. The most popular ones are the gravitational force and the 
evaporative-capillary force as they are scalable and simple. The sedimentation method is a 
representative example of using the gravitational field43-45. Colloidal particles can be assembled 
by sedimentation when particle density is different from that of a liquid solvent. The larger the 
difference is, the faster sedimentation is. The main drawback of the sedimentation technique is that 
it takes quite long periods of time to completely settle sub-µm sized particles. Centrifugation, 
which also employs the gravitational force, offers the solution to this issue25. Centrifugal force 
with high inertia is imposed to colloidal suspension to accelerate the deposition rate of the particles. 
Of various capillary force-induced crystallizations, the vertical deposition is the most 
widely used technique, where a liquid solvent evaporation plays a key role during convective self-
assembly48,60-63. A charged substrate is vertically immersed into a colloidal suspension, and then a 
liquid solvent of the suspension is left to evaporate over a certain period of times, leaving a dried 
colloidal film on the substrate. This technique is basically operated based on the convective flow 
dragging the particles as the liquid solvent evaporates at an evaporating front called the meniscus. 
The evaporative-pressure generated at the meniscus attracts a suspension toward the meniscus and 
then forces the colloids to pack into the ordered arrays on the already-deposited layers. This 
method has many advantages over the sedimentation. It requires a smaller amount of colloidal 
suspension, creates less amounts of defects, and offers easier sample handling. One drawback of 
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the vertical deposition is sedimentation of the colloids during slow evaporation, especially for large 




Figure 1.3 – Schematics of colloidal crystal growth techniques: (a) sedimentation, (b) 
centrifugation, (c) evaporative-capillary vertical deposition, (d) electrophoretic deposition. 
Adapted from refs. 64-66.  
Nucleation and growth of colloidal crystals can be induced by an electric field and 
conductive electrodes immersed in a colloidal suspension. Electric-field driven colloidal 
crystallization is categorized into three types such as electrophoresis, dielectrophoresis, and 
electroosmosis49. The electrophoretic deposition is the most widely used technique. Under an 
external electric field, charged particles in a suspension are attracted to an oppositely charged 
electrode and then form periodic crystalline arrays. The dielectrophoresis, on the other hand, does 
not require the particles to be charged. Instead, an inhomogeneous electric field exerts driving 
forces on the dielectric particles to assemble in the desired forms such as straight single 
microwires, multiply branched microwires, or parallel arrays of microwires53-55. The 
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electroosmosis utilizes the motion of liquid along charge surfaces of colloids induced by an electric 
potential. This phenomenon has proven to be significant for colloidal organization under an 
electric field49.  
Magnetic fields can also drive the motion of magnetic colloids to self-assemble57,58. 
Paramagnetic colloidal particles were readily guided by a magnetic field57. Colloidal arrays with 
ring structures were also attained58. These were induced by assembling a mixture of diamagnetic 
and paramagnetic spherical particles within a magnetized ferrofluid comprised of Fe3O4 
nanoparticles suspended in water. The shapes of colloidal arrays were controllable, including 
flowers, Saturn-like rings, and other multi-polar architectures. Rather than extensive 
crystallization, these individual structures were preferentially developed because of self-limiting 
assembly58.  
1.1.4    Pore-filling methods 
Functional 3D materials can be eventually realized by filling the pores inside the colloidal 
crystal with a material possessing the desired functionality and then removing the colloidal 
particles with etchants. Due to the structural complexity of colloidal crystals, the key issue of 
infiltration is a filling fraction of the material. The most productive way is the potentiostatic or 
galvanostatic electrochemical deposition that has been first demonstrated for the fabrication of the 
3D photonic crystals consisting of semiconductors such as CdSe and CdS67, as shown in Figure 
1.4a. In electrodeposition technique, two or three conductive electrodes are immersed in a liquid 
electrolyte dissolving ionic precursors. Imposed by an electric field between the conductive 
electrodes, ionic precursors are dragged to an oppositely charged electrode to subsequently 
nucleate and grow on the electrode. If this electrode has colloidal crystals on the surface, the ionic 
precursors will travel through colloidal crystals and then fill the pores from the bottom. This is the 
reason this technique enables high filling fraction. Through electrodeposition, we can obtain highly 
dense and rigid structures that are not prone to shrinkage upon template removal. A variety of 3D 
porous materials comprised of Fe2O3
12, Cu2O
68, Cu24, Ni7, or polypyrrole10 have been fabricated 
by the electrochemical methods for a variety of applications such as energy storage, 
optoelectronics or thermal managements. A challenge in templated electrodeposition is that the 
colloidal crystals need to be grown on top of a conducting substrate which limits some of the 
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optical template fabrication methods (for example, holography on a reflective substrate is 
challenging)30. 
Gas-phase deposition is another powerful way of filling the voids inside colloidal templates 
(Figure 1.4b). The two most widely used gas phase deposition methods are chemical vapor 
deposition (CVD) and atomic layer deposition (ALD). Typically, the colloidal crystals grown on 
a substrate that is thermally and chemically stable under the process condition, are first loaded into 
the temperature-controllable vacuum chamber. A mixture of gas-phase precursors of target 
materials are injected to the reactor and then allowed to go through the pores of the templates. 
Once the precursors meet with any nucleation sites such as colloid surfaces or substrate surface, 
they react with one another to form the nuclei on the surfaces and grow until completely filling the 
surrounding pores. In 2000, Si photonic crystal2 was fabricated by CVD technique using disilane 
(Si2H6) gas as a precursor. A similar disilane-based CVD process was employed to fabricate Si 
porous materials for nanoscale thermal transport studies23. Ge photonic crystal was also enabled 
by the CVD procedure using digermane (Ge2H6) gas as a precursor
69. Whereas these photonic 
crystals are polycrystalline, III-V semiconductor GaAs photonic crystal has been for the first time 
fabricated as single crystal or epitaxy by metal-organic CVD (MOCVD) process3. Other than the 
CVD processes, the operating principle of ALD is a self-limited surface reaction between species 
formed by the discretely pulsed precursor vapors and the reaction site, which makes ALD suitable 
for the conformal deposition of materials on the colloids. A wide range of materials including 
dielectrics, semiconductors and metals were fabricated in the inverse form of colloidal crystals 
using ALD methods70.  
(a) (b) (c)
 
Figure 1.4 – Schematics of representative pore-filling methods: (a) electrochemical deposition, 
(b) gas-phase deposition, (c) liquid-precursor infiltration. Adapted from refs. 67,71. 
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Infiltrating liquid precursors of interest through colloidal crystal templates gives us another 
option to realize functional 3D porous materials (Figure 1.4c). This approach can be classified 
into two big categories depending on the types of precursors that are initially injected into colloidal 
crystals. One is to infiltrate sol-gel precursors1,72,73. Inside the pores, they transform into the solid 
material through a classical sol-gel process consisting of hydrolysis, condensation, drying, and 
calcination, in serial. In general, multiple rounds of infiltration and reaction steps need to be 
repeated to fully fill the pores. This technique has been first proposed for making TiO2 inverse 
opals1. They suffered from the large shrinkage and cracking during the whole process, ended up 
with obtaining very low filling fraction of 12 ~ 20 %. Sol-gel-mediated method was especially 
excellent when it comes to making metal oxide structures such as SiO2, Al2O3, ZrO2, and Y2O3
1,73-
76. The other route is to utilize pre-prepared nanoparticles as an injecting material 77-79. Typical 
size of nanoparticles is ~10 % of the pore diameter. After the infiltration, sintering process is 
required so that nanoparticle networks can convert into robust crystalline matters possessing 
enhanced electrical and optical properties. The major advantage of this method is the flexibility in 
the choice of the chemical composition of the target material as the composition is controllable 
during nanoparticle synthesis.  
1.1.5    Applications 
Photonics is the main area where 3D porous materials that are realized by so-called 
colloidal crystal templating method, which is comprised of sequential steps of colloidal crystal 
growth, infiltration, and template removal, can be applied1-3,80. The TiO2 photonic crystals with 
radii between 120 ~ 1000 nm have been first realized using liquid precursor infiltration method1. 
They confirmed that the crystals made from templates comprised of colloids with radii of 292 nm 
demonstrated much stronger photonic behaviors than any other colloidal crystals which were 
reported until that time. Afterwards, Si inverse opal photonic crystal, depicted in Figure 1.5, was 
reported to form complete photonic band gap at around 1.5 µm wavelength2. At this wavelength 
regime, Si has a high refractive index of 3.45, which is well above the theoretical threshold for a 
photonic band gap formation, 2.8 in an FCC lattice of air spheres. This crystal has also proven to 
allow the coherent localization of light. Another hallmark in photonics is the development of single 
crystalline photonic crystal enabled by selective area epitaxy through a 3D colloidal crystal 
template3. Nelson et al. have demonstrated that epitaxially grown GaAs semiconducting photonic 
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crystal showed high-performance in optoelectronic devices because of low charge recombination 
rate and high charge carrier mobilities induced by single crystalline nature containing lower defect 
density. Filling complex 3D colloidal crystals with eutectic melts would open another opportunity 
of designing advanced optical materials, such as metamaterials6. As an initial attempt, AgCl-KCl 
eutectic melts have been successfully incorporated through the colloidal templates using 
directional solidification method recently81.  
(a) (b)
 
Figure 1.5 – Si inverse opal photonic crystal fabricated by CVD process. (a) SEM images of Si 
inverse opal. (b) Optical reflectance spectrum demonstrating the formation of photonic band gap 
at the wavelength of 1.5 µm. Adapted from ref. 2.   
Colloidal crystal templated 3D porous materials can be also applied to the multiple energy 
storage devices including rechargeable batteries and supercapacitors7-12. Using Ni inverse opal as 
an electrically conducting scaffold, bicontinuous battery electrodes have been first proposed 
recently (Figure 1.6)7. Since all the active materials directly contacted with the Ni scaffold, 
superior rate performance and cycle stability were accomplished. Combining colloidal crystal 
templating method with a classical microfabrication process, microbattery which employed the 
bicontinuous scaffolds in both anode and cathode, has been demonstrated to deliver high power 
density8. In addition, a number of battery electrodes have been fabricated based on the 
bicontinuous strategy aiming at delivering high capacity and ensuring long-term cycle stability11,12. 
Electrochemical capacitors, so called supercapacitors also introduced colloidal crystal templating 
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method to design novel electrodes10. Electro-polymerization of polypyrrole in colloidal crystal 
template enabled the mesostructured 3D pseudo-supercapacitor electrode. The catechol derivative 
was sufficiently bound to the polypyrrole through noncovalent interactions to provide a volumetric 
capacitance as high as 130 F cm−3 and a capacitance retention of 75 % over 10000 




Figure 1.6 – Bicontinuous battery electrodes enabled by colloidal crystal templating and 
electrodeposition. (a) Fabrication schematics of bicontinuous electrodes. (b) SEM image of Ni 
inverse opal serving as a conducting scaffold. (c) Lithium-ion battery ultrafast charge behavior. 
Adapted from ref. 7. 
Solar energy harvesting13,14 and hydrogel sensors have been also considered suitable areas 
where the colloidal templated 3D porous structures play a key role. In dye-sensitized solar cells 
(DSSCs) of Figure 1.7, the templated 3D structures were identified to be able to facilitate 
electrolyte transport through the pores as well as to enhance the photo-conversion efficiency13. 
There have been increasing interests in the development of thermophotovoltaics (TPVs) based on 
3D metallodielectric architectures15-17,19. The key issue when it comes to applying these templated 
porous materials to this area is whether they can meet the thermal and optical requirements30. 
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Hydrogel sensors based on the inverse opal structure that are sensitive to pH and glucose were 
demonstrated20,21. Mesoporous hydrogels based on the copolymers consisting of 2-hydroxy-ethyl 
methacrylate (HEMA) and acrylic acid (AA), exhibited pH-dependent shifts in optical diffraction, 
the magnitude of which can be controlled by changing the AA concentration20. Similarly, inverse 
opal hydrogels functionalized with phenylboronic acid within microfluidic channels, showed 





Figure 1.7 – Transferred 3D photonic crystals onto DSSC. (a) Photographs of solar cell fabrication 
procedure. (b) Cross-section SEM image of inverse Si photonic crystals on nanocrystalline TiO2 
layer. (c) Quantum efficiency plots of control (gray open circles) and inverse silicon coupled (black 
filled circles) DSSCs. Adapted from ref. 13. 
Most recently, colloidal crystal templated 3D architectures have been expanding their 
applications to thermal management field where precise regulation of heat transport is required. 
Thermal management is a broad concept that refers to temperature control of any system, for 
example, power electronics, mobile vehicles, and batteries, using an appropriate heating or cooling 
process. The 3D porous materials can provide versatility in regulating thermal transport. If we fill 
the pores with a material with high thermal conductivity and heat capacity such as metals, the 
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porous material can be used as an effective coolant owing to large surface area-to-volume ratio of 
the 3D structure. If we fill the pores with a material with semiconductors or insulators, where 
electronic contribution to total thermal conductivity is very low, this porous material can be 
utilized as a thermal insulator to block the heat conduction. Even though colloidal crystal templated 
3D structures have great potential for regulating thermal transport, the study on these is still in its 
infancy. Ma et al. have first reported the heat transport behavior in Si inverse opal structure using 
silica colloidal template and CVD method23. They observed low thermal conductivities compared 
to a typical bulk value, which they attributed to coherent phonon scattering at inter-grain 
boundaries. Another fundamental study has been conducted on the Ni and Cu inverse opals that 
could potentially serve as cooling media24. As the pore diameter decreased, they observed quasi-
ballistic phonon transport behavior.  
 
1.2    Reconfigurable Colloidal Assembly for 3D Responsive Materials 
1.2.1    Reconfigurable colloidal assembly 
 In Chapter 1.1, we discussed the colloidal self-assembly as a medium for making colloidal 
crystals that serve a template in the fabrication of 3D porous structures. The main concerns lied on 
the way of assembling colloids in a more elegant way to well-crystallize, the way of filling the 
pores with functional materials, and the way of removing colloids selectively. For these 
applications, dynamic response of colloidal assemblies themselves is beyond our interests. Instead, 
providing well-ordered, chemically stable, and mechanically robust scaffold is the most important 
aspect to be considered.  
 In contrast, there have been a broad range of areas, for example sensing, transduction, and 
actuation in biomimetics, biorobotics and soft-mechanics82-86, where the understanding and the 
control of a time-dependent optical, structural, or mechanical response of soft materials are 
essential. Of various geometric forms of soft matters, colloidal assembly that possesses 
dynamically reconfigurable and reversible behaviors, has been attracting great attention due to its 
versatility in designing size, shape, and functions of colloids. Depending on where to use, we 
choose and assemble colloids with desired functionalities and geometries, after which dynamically 
13 
 
regulate configuration of the assembly, so that functions of the assembly can switch reversibly 
under varying external stimulus.  
M. Solomon defined the reconfigurable colloidal assembly as following three statements87: 
(1) It involves reversible, back-and-forth transitions between two different equilibrium states of a 
colloidal system by temporally manipulating thermodynamic variables (e.g. temperature, pressure, 
electric/magnetic field) or colloidal properties (e.g. particle size, shape, particle-particle 
interactions). (2) It accompanies a functional change in microstructure or property of the assembly, 
for example, phase transition, lattice spacing modulation, and shape or position of the assembly. 
(3) It includes structural transitions that are in the thermodynamic limit (e.g. bulk phase transition), 
as well as those beyond the limit (e.g. spatially localized, small-number of particles that function 
in microscale).  
Study on the dynamically reversible and reconfigurable behavior has not been limited to 
the colloidal assemblies only. Many polymer-based soft materials have unique responsive 
characteristics to external trigger forces including pH, solvent composition, ionic strength, 
temperature, electric/magnetic field, light, and pressure88-93. For instance, poly(N-
isopropylacrylamide) (PNIPAM) is a representative and most extensively studied thermo-
responsive soft material. Below lower critical solution temperature (LCST), PNIPAM is 
hydrophilic, but above LCST it becomes hydrophobic due to conformational change of polymer 
chains, which is entropic93. The matrix expels the water inside, so that the volume or size of 
PNIPAM dramatically shrinks. Table 1.1 summarizes various stimuli-responsive polymers and 
corresponding triggers91.  
In principle, reconfigurable colloidal assembly and reconfigurable polymeric thin films are 
not completely dissimilar, as well illustrated in Figure 1.894. Depending on the shape of a polymer 
determines dynamics and reconfiguration of a soft material. If a polymer is synthesized in the form 
of spherical colloids, it will reconfigure in time following particle dynamics and polymer 
chemistry. If its form is linear chain or cross-linked mesh, the dynamics would differ from that of 





Table 1.1 – Reconfigurable polymers reacting to various external stimuli. Adapted from ref. 91. 
 
 
Figure 1.8 – Stimuli-responsive polymer materials in diverse geometries which can be categorized 
into two representative forms: thin films and particulates. Depending on the geometry of polymers, 
phase and dynamic behavior of macromolecule assemblies vary. Adapted from ref. 94.  
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1.2.2    Trigger forces 
Responsive functional materials reconfigure themselves and hence exhibit switchable 
properties in a response to trigger forces, which is often called stimuli. This section exemplifies a 
variety of dynamically reconfigurable colloid systems reported to date.  
First, changes in chemical environment can trigger the reconfiguration and response of a 
colloidal assembly95-98. Figure 1.9a represents pH-dependent dynamics of colloidal particles 
consist of a poly(acrylic acid) (PAA) hydrogel and poly(vinyl cinnamate) (PVCi) organogel, either 
freestanding (bottom row) or tethered to silica spheres (top row)95. The PAA swells and contracts 
with pH changes but the PVCi is pH-inactive. Particles are observed in their original configurations 
in pH 5 buffer and in their inverted configurations in pH 6. In Figure 1.9b, we observe that a 
crystalline colloidal array of polystyrene spheres (~100 nm diameter) polymerized within a 
hydrogel that swells and shrinks reversibly in the presence of certain analytes, here, metal ions96,97. 
The hydrogel contains either a molecular-recognition group that binds the analyte selectively 
(crown ethers for metal ions), or a molecular-recognition agent that reacts with the analyte 
selectively. These recognition events cause the hydrogel to swell because of an increased osmotic 
pressure, which in turn increases the mean separation between the colloidal particles and so shifts 
the Bragg reflection peaks to longer wavelengths. Similarly, Figure 1.9c shows the images of 2D 
monolayer colloidal crystal arrays with dynamic responsiveness to chemical environments98. The 
colloidal arrays attached on the functional hydrogels change the spacing between the colloids, in 
response to changes in pH and solvent composition of the hydrogel. 
Another distinct type of switchable dynamic response can be realized using temperature 
changes of colloidal assembly functionalized with thermo-responsive components99-101. Figure 
1.10a includes the images of dynamic reconfiguration of colloidal assembly of multi-scale 
structures that combines thermo-responsive depletion attraction with topographically patterned 
surface features99. As the temperature increases, depletion attraction becomes negligible, and 
particles diffuse freely except for the small gravitational energy difference inside and outside 
features. This indicates that changing both the temperature and topography can reversibly induce 
colloidal reconfigurations between two well-defined states: multi-scale periodic structures and 
disordered fluid states.  
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Figure 1.10b demonstrates reversible solid–solid phase transition of colloidal superballs 
dispersed in depletant mixture of poly(ethylene oxide) (PEO) and PNIPAM100. At 27.5°C, colloids 
assemble into a square lattice, but at 31°C, energetic contribution of PNIPAM becomes negligible, 
whereas that of PEO stays fixed, so that resulting in the transition into the other densest lattice 




Figure 1.9 – Dynamic response of colloidal configuration triggered by chemical environment. (a)  
pH-responsive bi-stable colloids consisting of PAA and PVCi. (b) Colloidal crystals polymerized 
in hydrogel that respond to surrounding chemical species or analytes. (c) Reconfiguration of 2D 
colloidal crystal arrays actuated by pH and solvent composition. Adapted from refs. 95,96,98. 
Reconfigurable colloid assembly that responds to temperature change can in turn activate 
the dynamic response of optical properties, as depicted in Figure 1.10c101. PNIPAM microgel 
colloids can assemble into 2D periodic arrays, which can be used for the optical devices, etalons. 
The etalons are composed of two reflective, semitransparent, and thin Au layers, sandwiching a 
2D monolithic microgel layers, on a glass substrate. This structure allows light to enter the 
dielectric cavity and resonate between two reflective layers. This resonating light yields 
constructive and destructive interference, allowing certain wavelengths of light to be reflected. 







Figure 1.10 – Thermo-responsive reconfigurable colloidal assembly. (a) Colloidal 
reconfigurations between multi-scale periodic states and disordered fluid states. (b) Reversible 
solid–solid phase transition of colloidal superballs between two densest lattice forms. (c) PNIPAM 
microgel 2D periodic array-based optical device, etalons. Adapted from refs. 99-101.  
Electric field or magnetic field can also trigger dynamic reconfiguration of a variety of 
colloidal assemblies102-104. Figure 1.11a shows the fluorescence microscopy images of elliptical 
colloids arrays at two distinctive configurations102. Under light-assisted electrophoretic deposition, 
the homogeneous ellipsoids undergo an order-disorder transition. At applied voltages between 1.75 
~ 2.1 V, and light intensities < 250 W m-2, a liquid crystal phase characterized by highly dense 
structures, with a high degree of positional and orientational ordering was observed over large 
domains. Another example of dynamic switching between colloidal configurations triggered by 
electric field is represented in Figure 1.11b103. Charged rod-like colloidal particles form three-
dimensional plastic crystals and glasses if their repulsions extend significantly beyond their length. 
These plastic phases can be reversibly and dynamically switched to full crystals by an AC electric 
field. Laser diffraction shows a field-induced order-disorder transition in the sphero-cylinder 
colloidal arrays. Smoukov et al. have demonstrated Janus magnetic particles could reversibly 
switch their configurations using repeated magnetization and demagnetization processes as shown 
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in Figure 1.11c104. The Janus colloids in the disordered arrays in the absence of magnetic field, 





Figure 1.11 – Electric and magnetic fields-driven reconfigurations. (a) Light-assisted 
electrophoretic triggering for order-disorder transition. (b) Laser diffraction patterns of crystal 
switching by an AC electric field. (c) Reversible dynamics of Janus magnetic colloids by magnetic 
field. Adapted from refs. 102-104. 
Light-triggered colloidal rearrangements also offer distinctive and exciting dynamics-
property-structure relationships105,106. Figure 1.12a represents time lapse images of functionalized 
PMMA colloidal particles under optical field excitation105. The photo-induced assembly process 
occurs rapidly, and accumulated particles display a close-packed crystallization. This dynamic 
behavior was attributed to electrophoresis of colloids generated by photochemistry at an indium 
tin oxide-coated substrate. Figure 1.12b demonstrates a light-activated form of self-organization 
in a suspension containing synthetic photoactivated colloidal particles106. Under the illumination, 
the particles assemble into two-dimensional living crystals, which form, break, explode, and re-
form elsewhere. It was revealed that the dynamic reconfiguration resulted from a competition 
between self-propulsion of particles and an attractive force caused respectively by osmotic and 





Figure 1.12 – Light-triggered reconfigurable colloidal dynamics. (a) Photo-induced self-assembly 
process leads to complete crystallization. (b) Living colloidal crystals that form, break, explode, 
and reform, all of which are actuated by light. Adapted from refs. 105,106. 
1.2.3    3D colloid/polymeric network gel hybrids 
 
Figure 1.13 – Colloid/polymer gel composites in nature. Adapted from online. 
 
Cytoskeleton
microtubules + actin filaments  
Abalone shell
calcium carbonate + organic matrices
Plug (formed within seconds of injury) 
platelets + von Willebrand factor 
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 We have discussed so far dynamic reconfigurations of colloidal assembly in low viscosity 
liquids without time-dependent memory nor dynamic viscoelastic responses107. In nature, 
however, particles in viscoelastic polymer gels are everywhere in functional 3D biological 
assemblies, as shown in Figure 1.13. For instance, a blood clot, which is formed when we are 
injured, consists of colloidal platelets and polymeric von Willebrand factor. Abalone shell is also 
comprised of calcium carbonate surrounded by organic matrices. Cytoskeleton is another example 
of colloid/polymer gel composites whose components are microtubules and actin filaments. In this 
context, a fundamental understanding of the physics lying behind the dynamic responsiveness of 
colloids in 3D viscoelastic meshes is essential for designing novel material functionality in a broad 
range of areas such as biotechnology and biomedicine108,109.  
 Despite the importance, the study of such 3D hybrid materials is in its infancy due to the 
complexity of the systems110,111. Significant theoretical progress for the equilibrium amorphous 
assembly of spherical particles and homopolymers has been recently achieved112-114. Three distinct 
statistical microstructural regimes have been proposed112, as shown in Figure 1.14, which were 
largely verified experimentally115-117. Reconfiguration dynamics of particles-polymers strongly 
depends on the effective attraction energy between particles and between polymers and colloids, 
and their magnitudes relative to thermal energy, kBT
112. With increasing net colloid-polymer 
attraction energy (left to right in Figure 1.14), three states of organization can be formed: i) contact 
particle aggregation driven by depletion attraction and/or van der Waals attraction, ii) steric 
stabilization, and full dispersion due to discrete adsorbed layer formation, and iii) polymer-particle 
bridging complexes. There have been another simulation works on predicting dynamics of colloid-
gels assemblies.  
Figure 1.15a illustrates flow-driven self-assembly of colloid/polymer 3D composite, 
which is a blood clot118. The system became aggregated above a certain critical shear rate. Cross-
linking density of polymer matrix is crucial factor of determining colloid-colloid interactions and 
colloid-network structuring110. As depicted in Figure 1.15b, Di Michele et al. also investigated 
spatial organization and dynamics of silica colloids surrounded by the polyacrylamide matrix and 




Figure 1.14 – Three states of organization in melt polymer nanocomposites with increasing net 





Figure 1.15 – Theoretical frameworks on spatial distribution and dynamics of colloid/polymer gel 
hybrids. (a) Flow-driven self-assembly in the blood clot, during blood clotting. (b) Effects of cross-
linking density on colloids distribution in polymer networks. Adapted from refs. 110,118. 
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 Based on these previous theoretical works, well-designed experimental studies on colloids-
polymeric fiber gels can be performed to answer following fundamental questions. How will 
colloid-colloid interaction and colloid-polymer interaction affect dynamics and spatial 
reorganization of colloids in viscoelastic polymeric mesh gels? How can we realize reversible and 
switchable behavior of colloidal assemblies in viscoelastic fiber gels in response to external 
triggers? Can we mimic the nature to fabricate novel materials with specific responsive 
functionality? As illustrated in Figure 1.16, from this understanding we can deduce relationships 
between spatial organization and dynamics under varying external fields, which will enable 
dynamic and reversible control of the electrical, mechanical, and sensing properties of the 3D 
















Figure 1.16 – Schematics of stimuli-responsive 3D colloid/polymer viscoelastic matrices to 
understand the spatial organization and temporal dynamics. 
 
1.3    Thesis Overview 
 This thesis can be divided into two big categories: i) thermal and electrical transport 
properties of inorganic 3D porous meso/nanostructures, which is related with Chapter 1.1, and ii) 
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viscoelastic properties of 3D colloid/polymeric fiber hydrogel composites, which is related with 
Chapter 1.2.  
Chapters 2, 3, and 4 explore the first topic, i). Chapter 2 focuses on the fabrication and 
characterization of functional 3D porous structures made of inorganic materials such as Bi2Te3, 
PbS, and Fe3O4 realized by colloidal crystal templated electrodeposition techniques. In Chapter 
3, we discuss thermal conductivity measurement and analysis of epitaxial Fe3O4 3D porous 
structures. Chapter 4 handles the electrical conductivity measurement of epitaxial Fe3O4 3D 
porous structures. 
Chapters 5 and 6 cover the second topic, ii). Chapter 5 mainly discusses two methods of 
integration of hard sphere polystyrene colloids into fibrin large mesh gels and their viscoelastic 
properties. Chapter 6 deals with the fabrication of 3D thermo-responsive PNIPAM 
microgel/fibrin large mesh hydrogel composites that demonstrate dynamic reconfiguration of 
colloid assemblies and switchable viscoelastic properties. 
Chapter 7 includes summaries and conclusions of this thesis, and future directions based 
on the previous works. 
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FABRICATION AND CHARACTERIZATION OF INORGANIC  3D EPITAXIAL 
MESO/NANOSTRUCTURES 
 
2.1    Introduction 
Development of a material possessing the low thermal conductivity and the high electrical 
conductivity at the same time has remained a huge challenge in a variety of fields including 
thermoelectric energy generation, thermal switching device, and power electronics because these 
two properties are highly interdependent with each other. To tackle this issue, reducing the 
dimensions of existing materials down to nanoscales in a controlled manner has been widely 
attempted to decouple these properties. This chapter explores previously reported nanostructuring 
approaches and then introduces our novel strategy based on the realization of inorganic single 
crystal 3D meso/nanostructures, which is distinctive from various earlier works. Then, we move 
onto the discussion of our experimental results on the fabrication and characterization of these 
structures made of three different inorganic materials. 
2.1.1    Background 
Exploiting renewable and eco-friendly energy sources has been the critical issue all around 
the world over the last decades1. This is due to the limited amount of the carbon-based fossil fuels 
such as coal, petroleum, and natural gas that are essential for our daily lives. In addition, they have 
detrimental effects on the environment by leaving a vast amount of CO2, NO2, and NOx pollutants 
after combusting with oxygen. Among diverse approaches to figure this out, people have been 
paying attention to utilization of waste heat at very high temperature, for example, several hundred 
degrees Celsius, which is generally produced at gas exhaust and combustion engine in 
automobiles2,3 or during general industrial processes4. In this regard, it is of importance to find an 
appropriate way to harvest this waste heat, and then covert it back to usable energy sources.  
Thermoelectric energy harvesting is a promising technology for converting waste heat to 
usable energy4. The fundamental principle lying behind thermoelectric conversion is so called 
Seebeck effect, which is illustrated in Figure 2.1a5. If there is a temperature difference between 
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both ends of a material, the electric potential is generated between both. The Seebeck effect can 





where S, ΔV, and ∆T denote the Seebeck coefficient, generated electric potential, and temperature 
difference between two ends. The larger ∆V  under a given  ∆T  is, the higher the electricity 
generates. Utilizing the opposite mechanism, which is Peltier effect5, the temperature of a side of 
a device could be cooled in a well-controlled manner (Figure 2.1b). Heat pumps for refrigerators 
and cooling modules in vehicles are the representative examples that could potentially compete 
with 1/3-hp compressor technology6.  
 
Figure 2.1 – Schematic diagrams of (a) thermoelectric power generator and (b) thermoelectric 
cooler. Adapted from ref. 5. 
Status of the thermoelectric energy conversion are still far from the commercialization even 
with the state-of-art thermoelectric lab-scale advancement1. The main challenge is to exploit new 
materials with high thermoelectric performances7, which emphasizes the importance of materials 
from a scientific point of view. Efficiency of a thermoelectric material is proportional to 





where S is the Seebeck coefficient, σel is the electrical conductivity, Λel and Λph are the electronic 
thermal conductivity and lattice thermal conductivity, respectively, and T is the absolute 




converges to the Carnot efficiency. Figure 2.2 represents plots of the efficiency of each zT (from 
1 to infinity) against hot side temperature8. For comparison, those of other energy conversion 
systems utilizing geothermal, solar, coal, and nuclear powers are plotted. 
 
Figure 2.2 – Efficiency plots as a function of TH, heat source temperature for different zT values. 
The efficiency of other energy sources and engine cycles are also included for comparison. 
Adapted from ref. 8. 
To use thermoelectric generators in practice, it is reported that a zT of at least 3 is required 
to compete with the conventional power generation or cooling systems1. In spite of the numerous 
efforts to achieve this zT, the highest zT had remained ~1 before the nanostructures has been 
introduced to thermoelectric applications in the 1990s9. This stagnancy stems from the 
interdependency among three properties that consist of thermoelectric figure of merit: electrical 
conductivity, thermal conductivity, and Seebeck coefficient4. As evidenced in the equation above, 
the high zT can be achieved when the electrical conductivity and the Seebeck coefficient are high, 
still keeping the thermal conductivity as low as possible. However, for instance, if we intend to 
increase the electrical conductivity of a material, this leads to increasing thermal conductivity and 
decreasing Seebeck coefficient, resulting in few differences in the final zT. This interdependent 
relationship among three parameters are well depicted in Figure 2.34. In principle, maximum zT 
can be achieved using semi-conductors or semi-metals who possess moderate charge carrier 
concentrations between 1019 and 1021 cm-3 depending on the material system. This falls in between 
typical metals and semi-conductors4. 
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2.1.2    Nanostructuring strategy 
To achieve a higher zT beyond 3, thermoelectric materials have been investigated in three 
different ways. The first one is to design new atomic composition solid-solutions which have the 
desired properties4. The key in this strategy is that these materials have very complex crystal 
structures enabled by adding substructures or disorders into Zintl compounds, skutterudites and 
clathrates, which can exhibit a low lattice thermal conductivity4. The second one is to employ 
anisotropic single crystals that exhibiting high electrical conductivity and ultralow thermal 
conductivity along specific crystallographic orientations10,11. Utilizing these materials, Zhao, et al. 
enhanced zT up to 2.6 ± 0.3 at 923 K. The last one is to modify the dimension of pre-existing 
thermoelectric candidates down to nanometer scales1,7,9,12-15. The nanostructure strategy could be 
divided into four branches: i) nanograined bulk composites, ii) epitaxial multilayered superlattices, 
iii) one-dimensional (1D) nanostructures, and iv) 2D or 3D porous structures. We discuss the 
fundamental principles lying behind the nanostructure strategy and then introduce some important 
works.  
 
Figure 2.3 – Typical plots of thermoelectric properties and zT for insulators, semiconductors, and 
metals. The vertical axis indicates a thermal conductivity (κ) from 0 to 10 W m-1 K-1, Seebeck 
coefficient (α) from 0 to 500 μV K-1, and electrical conductivity (σ) from 0 to 5 x 105 S m-1. The 
horizontal axis indicates the carrier concentration of (1018 ~ 1021 cm-3). Adapted from ref. 4.  
Underlying principle 
L. D. Hicks and M. S. Dresselhaus reported the theoretical work on the effect of reduced 
dimensionality on thermoelectric performance of materials from the perspective of quantum 
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mechanics in the early 1990s16,17. Fundamental idea was that tailoring materials at the nanoscale 
could separate the thermal and electrical conductivities, resulting in a higher efficiency. Especially 
for semiconductors or semi-metals, thermal conductivity is governed by two primary heat transport 
carriers, electron (or hole) and phonon. It is possible to decouple the lattice thermal conductivity 
from the electronic thermal conductivity. The nanostructure approach stems from focusing this 
feature. Using nanostructures, numerous attempts have been made to reduce the lattice thermal 
conductivity as much as possible without affecting the electrical conductivity7.  
Phonon transport in the nanoscale materials is well described in the references18,19. The 
lattice thermal conductivity is determined by the phonon transport in solid states. In bulk materials, 
phonons are scattered by multiple processes that impede phonon movement and hence limit the 
lattice thermal conductivity, such as phonon-phonon Umklapp scattering, phonon-point defect 
scattering, and phonon-grain boundary scattering18. The scattering rate of each process can be 


































where τU, τd, and τgb denote Umklapp scattering time, point defect scattering time, and grain 
boundary scattering time, respectively. d and vs indicate grain size and phonon speed, respectively. 
Umklapp scattering originates from the anharmonicity after three phonons collisions, which is 
temperature dependent18. The other processes, which are temperature independent, are caused by 
defective microstructures inside the materials. 
In nanoscale materials, one more scattering process take place: phonon-surface boundary 
scattering18. When the feature size of the material is reduced to the nanoscale dimension (film 
thickness and/or pitch of holes) which is comparable to or smaller than the phonon mean free path 
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(MFP), phonon transport is limited by the surface boundary scattering and intrinsic scattering 
processes. In other words, at a small enough feature size, the phonon transport mechanism would 
depend on the specific geometry of the structure and would not be the same as in the bulk18,21. 






















where τsb and dsb denote the surface boundary scattering time and the feature size of the surface 
boundary, respectively. If the boundary scattering effects become predominant, quasi-ballistic or 
ballistic phonon transports can be observed. This phenomenon is not explained by classical 
effective medium theory but by sub-continuum transport models21.  
Further reduction in the thermal conductivity which cannot be described by ballistic 
transport theory any more could result in adopting the wave-like phonon approaches18. In this 
theory, a reduction of phonon group velocity, a change in phonon dispersion curve, the coherent 
phonon scattering, and phononic band gap opening have been considered the main cause of the 
very low thermal conductivity. 
Nanograined bulk composites 
Nanograined bulk composites refer to a bulk heterostrutured material consisting of a host 
matrix uniformly surrounding nanoparticles inside7. Due to the embedded nanoparticles, so called 
nanograins, whose feature size is smaller than phonon MFP whereas bigger that the electron MFP, 
phonons are strongly scattered by the interfaces rather than electrons, we could expect a net 
increase in zT. The nanocomposite concept has been identified as a useful strategy in various 
systems such as p-type BixSb2-xTe3
22,23, n-type Si80Ge20
24, and p-type Si80Ge20
25. They are 
fabricated by a ball milling method in which raw component elements (Bi, Te, Sb, Si, and Ge) are 
pulverized into nanoparticles, followed by a hot-pressing method where the resulting nanopowder 
mixtures are hot pressed at specific temperature and pressure.  
Another method to fabricate nanograined bulk composites is to utilize thermal processing 
techniques where a metastable solid solution of different elements can be made to undergo 
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spinodal decomposition or nucleation and growth mechanisms to create nanoscale precipitates26. 
Based on this methodology, in 2012, the high-performance bulk thermoelectrics with all-scale 
hierarchical micro/nanostructures were reported as shown in Figure 2.427. They achieved a high 
zT of 2.2 in a Na-doped PbTe/SrTe system at 915 K fabricated by powder processing and spark 
plasma sintering methods. By combining i) atomic-scale lattice disorders from alloy doping, ii) 
nanoscale endotaxial precipitates, and iii) microscale grain boundaries, the reduction in the lattice 
thermal conductivity was maximized26.  
This concept has been applied to PbSe and PbS systems afterwards15,28-33. Incorporation of 
12 % PbS nanograins into n-type PbSe matrix created additional phonon scattering that leads to 
overall ~ 35 % reduction of the lattice thermal conductivity28. They achieved zT values to the level 
of 1.3 ~ 1.5 at 900 K. In the case of PbS, the addition of nanocrystal Bi2S3 into n- or p-type PbS 
matrices induced additional scattering, resulting in ~ 30 % reduction of the lattice thermal 
conductivity29. The zT values were 1.2 and 1.1 for p- and n-type PbS, respectively.  
 
Figure 2.4 – All-length-scale hierarchy thermoelectric materials. (a) Schematic diagram of the 
atomic scale (dopants), the nanoscale (nanocrystals), and the mesoscale (grain boundaries) phonon 
scattering sites. (b) ZT as a function of temperature for ingots of Na-doped PbTe/SrTe system. 





Layered crystals and epitaxial superlattices 
The formation of layered crystals or superlattices of alternating materials is one of the most 
widely investigated method of fabricating a controlled nanostructure for electrical and optical 
devices12. These structures have been also considered potential thermoelectric candidates, 





38. The impacts of the superlattice structure on the reduction of the lattice thermal 
conductivity have been explained by diverse effects such as modification of the phonon dispersion 
and phonon localization (e.g. zone folding and band gap formation)39-42, diffuse or specular 
scattering of phonons at interfaces due to acoustic mismatch43 and scattering of phonons at 
defects36. In addition, the epitaxial superlattices and layered crystals were reported to conserve the 
electron transport along the interfaces between layers (Figure 2.5a)14. 
 
Figure 2.5 – (a) Phonon scattering is enhanced while electron conduction is preserved along the 
cross-plane direction in superlattices. Adapted from ref. 14. (b) Ultra-low thermal conductivity of 
WSe2 layered crystals. The lowest thermal conductivity at 300 K is 0.048 W m
−1 K−1, 30 x smaller 
than the cross-plane thermal conductivity of a single-crystal WSe2 and a factor of 6 smaller than 
the predicted minimum thermal conductivity. Adapted from ref. 34. 
In 2007, an ultralow cross-plane lattice thermal conductivity, 0.05 W m-1 K-1 at room 
temperature was reported in the WSe2 layered crystals, as depicted in Figure 2.5b
34. This value is 




smaller than the predicted minimum value of this material. The ultralow thermal conductivity was 
ascribed to the localization of lattice vibrations induced by the random stacking of 2D crystalline 
WSe2 sheets, where disordered structure was induced by ion bombardment.  
Meanwhile, a significant reduction of lattice thermal conductivity has been also reported 
on superlattice system comprising PbTe/PbTe0.75Se0.25 layers
35. The thermal conductivity was 0.5 
W m-1 K-1 at 300 K, approximately half the alloy value. For a 3 nm period Si/Ge superlattice in the 
absence of dislocation, the thermal conductivity was reported to be 3 W m-1 K-1, 40 % lower than 
that of Si0.8Ge0.2 alloy
36. The AlAs/GaAs superlattice consisting of 3 monolayers by 3 monolayers, 
exhibited 3.1 W m-1 K-1, which is as much as 4 times reduced value compared to thermal 
conductivity of a normal Al0.5Ga0.5As alloy
37. In p-type Bi2Te3/Sb2Te3 superlattice (1 nm/ 5 nm) 
grown by MOCVD, a reduction of the thermal conductivity by a factor of 2.2 in the cross-plane 
direction was achieved44. The electrical conductivity is hardly affected by the multilayered 
structures. Table 2.1 summarizes thermoelectric properties of various superlattice systems14.  
Table 2.1 – Summary of the thermoelectric properties of epitaxial multilayers and superlattice 
structures measured along cross-plane direction in most cases14. 
 
One-dimensional (1D) nanostructures 
Application of 1D nanowires was triggered by a theoretical prediction in which the electron 
confinement in a single moving direction and small electron effective masses would enhance the 
density of states, resulting in the increase of the Seebeck coefficient16,17. The lattice thermal 
conductivity could be reduced due to increased phonon scattering at the nanowire surface. 



























However, a dramatic enhancement of the power factor in nanowires has not been observed so far. 
Figure 2.6 represents two representative reports on evaluating thermoelectric zT of Si nanowire 
systems44,45. For 1D nanowires, most studies have targeted Si in particular. Reduction of the lattice 
thermal conductivity in 1D nanowires was reported in several studies44-52. In 2008, zT of 1.2 at 
350 K was reported using Si nanowire arrays with 20 nm in diameter and 7 × 1019 cm-3 of doping 
level44. Tuning diameter and doping concentration, Boukai, et al. reduced the lattice thermal 
conductivity dramatically and maintain the electrical conduction. Single crystal Si nanowires 
fabricated by vapor-liquid-solid (VLS) mechanism demonstrated a dramatic decrease of thermal 
conductivity as a function of diameter48. This is due to that in principle Si has larger phonon MFP 
and broader MFP spectra ranging from 10 nms ~ 100 μms7,53. Later, it was reported that lattice 
thermal conductivity of single crystal Si nanowires (50 nm in diameter) further decreased down to 
1 W m-1 K-1, close to the amorphous limit of Si, by roughening the nanowires surfaces45,47. Si/Ge 
alloy nanowires showed decreased thermal conductivity as well due to two kinds of scatterings: i) 
phonon-alloy scattering at high frequency and ii) phonon-surface scattering at low frequency46,52. 
 
Figure 2.6 – (a) Si nanowire (20 nm in diameter) achieved a zT of 1.2 at 350 K. Adapted from ref. 
44. (b) Rough-surface Si nanowire (50 nm in diameter) exhibited amorphous limit thermal 
conductivity of 1 W m-1 K-1 with a zT of 0.6 at 300 K. Adapted from ref. 45. 
In the case of Bi2Te3, however, as diffusive phonon MFP is very small, any effects on the 
reduction of thermal conductivity in 50 nm nanowires have not been observed49. For PbTe 
nanowires having a diameter of ~ 180 nm, the thermal conductivity decreased to a half of the bulk 
value51. The polycrystalline Bi nanowires exhibited a reduced thermal conductivity which 




2.1.3    2D and 3D porous structures 
Utilization of 2D and 3D porous structures containing periodic features on thermal phonon 
length scale is another promising way to reduce lattice thermal conductivity. These structures have 
been utilized first as so-called phononic crystals that consist of periodic arrays of materials with 
dissimilar acoustic properties (density and sound speed) to control the propagation of sound waves 
in the crystals. Sound waves typically have frequencies ranging from kHz to GHz54-58. Since they 
have quite long wavelength scale (cm ~ sub-μm) compared to thermal phonon waves, it is 
relatively easy to fabricate periodic phononic crystals by diverse patterning processes54. Once 
phononic crystals meet the Bragg reflection along a certain orientation, sound waves cannot 
propagate anymore inside the crystals and hence transfer zero net energy, which happens similarly 
in photonic crystals59. In other words, multiple acoustic waves interfere destructively, thereby 
generating standing waves at the zone boundary. 
Compared to sound waves, thermal phonons that deliver heat in the solids have much 
higher frequencies up to several THz21,54. As the corresponding wavelengths are also very short 
(10 ~ 20 nm), it is very hard to realize 3D porous structures containing the features on this scale. 
In almost meso/nanostructured materials with feature sizes of 50 ~ 500 nm, phonon transport is 
usually decribed by particle-like physics such as diffusive, quasi-ballistic and ballistic, which is 
incoherent60-62. At this regime, phonon dispersion remains the same as the bulk63. Once the feature 
size goes down further below 20 nm and becomes comparable to thermal phonon wavelength 
scales, phonons start to show wave-like behavior. In this regime, one could observe coherent 
phonon scattering and phononic band gap which are known to decrease lattice thermal 
conductively dramatically that cannot be explained by particle phonon transport theory. We focus 
on thermal phonon length scales, not acoustic ones. 
Simulation works 
In 2008, Grossman et al. reported lattice thermal conductivity of single crystal Si 
containing 3D periodic arrays of ~ 1 nm holes with inter‐hole spacing of ~ 1 nm using molecular 
dynamics (MD) calculation64. Thermal conductivity was nearly the same as that of amorphous 
silicon. Electrical conductivity could decrease by a factor of 2 ~ 4, depending on doping levels due 
to quantum confinement effect. Seebeck coefficient yielded a 2-fold increase for carrier 
concentrations less than 2 × 1019 cm-3. Another simulation work dealt with Si 3D porous crystals 
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containing spherical pores in 201465. Using equilibrium MD, namely Green-Kubo method, they 
found that thermal conductivity decreases as porosity increases. They argued that when the 
porosity increased up to 90 %, the thermal conductivity decreased dramatically down to 0.022 W 
m-1 K1, only 0.01% bulk Si. They attributed low thermal conductivity to localization of phonons. 
The strain effects on the thermal conductivity of graphene nanoribbons were studied using MD 
simulations63,66. Thermal conductivity of graphene was very sensitive to tensile strain. Some of 
strained graphene structures revealed a higher thermal conductivity than that in the graphene with 
no strain. They argued changing the strain field and edge roughness could engineer the phonon 
transport in the graphene. Recently, Puurtinen, et al. have calculated the dependence of thermal 
conductivity on the lattice period in SiN 2D porous crystals with hole-array67. They insisted that 
both density of states and average group velocity were strongly affected by the periodic structuring. 
Depending on the size of the period, they found that the density of states and average group 
velocity varied in a different manner.   
Experimental works 
Thermal transport investigation on 3D porous mesostructures was first reported in 201368. 
They fabricated polycrystalline Si inverse opals, with periodicities and shell thicknesses of 420 ~ 
900 and 18 ~ 38 nm respectively using chemical vapor deposition. The thermal conductivities of 
the Si inverse opals were measured using 3ω method. The thermal conductivities were relatively 
low, 0.6 ~ 1.4 W m-1 K-1 at 300 K due to macroscopic bending of heat flow lines in the structure. 
They exhibit an anomalous ~T1.8 dependence at low temperatures, different from ~T3 behavior of 
bulk polycrystalline silicon, as depicted in Figure 2.7. Comparing it with modeling, they showed 
this anomaly originated from the coherent phonon reflections in the inter-grain region.  
Recently, it has been reported that a metallic polycrystalline 3D mesostructures 
demonstrated quasi-ballistic transport at small feature scale as depicted in Figure 2.862. The 
transition from diffusive to quasi-ballistic conduction took place when the feature size in Cu 
inverse opals was reduced from ~ 230 nm to ~23 nm. Thermal conductivity decreased by more 
than 57 % due to increased surface scattering. In contrast, Ni inverse opals exhibited diffusive-like 
behavior and a constant thermal conductivity over this size regime. Discrepancies between Cu and 





Figure 2.7 – Coherent phonon transport phenomena in polycrystalline Si 3D PnC. (a, b) SEM 
images of silica colloidal crystal and Si inverse opal respectively. (c) The material thermal 
conductivities vary as ~ T1.8 at low temperatures. Quadratic frequency dependence in the phonon 




Figure 2.8 – Quasi-ballistic phonon transport study on Cu and Ni 3D inverse opals. (a) SEM 
images of Cu inverse opals. (b) Cu and Ni exhibit different phonon transport behavior with 
decreasing pore diameter: the former shows quasi-ballistic while the latter yet remains diffusive. 
At the same feature size, surface boundary scattering effect of Cu is much larger than that of Ni. 






Thermal transports of various 2D meso/nanostructured crystals were also reported. In 2010, 
Yu, et al. have investigated thermal conductivity of nanomesh made of a semiconductor69. The 
mesh structures were patterned with periodic spacing that are comparable to, or shorter than, the 
phonon MFP (~ 25 nm) using electron beam lithography, as shown in Figure 2.9. The nanomesh 
structure (1.9 W m-1 K-1) exhibited lower thermal conductivity than nanowire arrays (2.9 W m-1 K-
1). They ascribed this to the change of phonon dispersion curves induced by coherent Bragg 
reflection of phonon waves. Bulk-like electrical conductivity was observed. Additionally, single 
crystal Si 2D porous structures with sub-micrometer geometries were fabricated by conventional 
micro-fabrication processes70. Thermal conductivity of 2D structures, 6.8 W m-1 K-1, was an order 
of magnitude smaller than that of bulk Si, 148 W m-1 K-1. This value is much smaller than that 
predicted by considering boundary scattering at the interfaces only. They revealed the significant 
reduction of thermal conductivity was attributed to the altered phonon dispersion in which phonon 
group velocities were greatly reduced.  
 
Figure 2.9 – 2D Si nanomesh (NM) phononic crystal. (a) SEM image of NM suspended between 
two membranes. Scale bar, 2 mm. (b) SEM image of NM with a uniform square-lattice matrix of 
cylindrical holes. Scale bar, 200 nm. (c) Geometry of NM film and three reference systems: dense 
thin film, larger feature-size mesh fabricated by e-beam lithography, and nanowire arrays. (d) NM 






2.1.4    Statement of objectives for Chapters 2, 3, and 4 
As described previously, various approaches have been applied to achieve low thermal 
conductivity and high electrical conductivity simultaneously, but each has its own critical 
drawback. New solid solutions such as Zintl compounds, skutterudites and clathrates4 are based 
on very complicated crystal structures and atomic compositions such as ternary, quaternary or even 
higher, which make it hard to control and fabricate. Although anisotropic single crystals made of 
SnSe or hole-doped SnS showed excellent performance10,11, it costs too much to utilize them for 
practical purposes. Nanograined bulk composites are comprised of toxic and rare materials. 
Furthermore, fabrication is entirely based on the traditional bulk processes utilizing ball-milling, 
hot pressing, and thermal treatment, which require huge time and efforts. Fabrication of epitaxial 
superlattices is inefficient since molecular beam epitaxy and metal-organic chemical vapor 
deposition are costly and time-consuming. For 1D nanowires, it is very tricky to handle individual 
nanowires in a well-controlled manner.  
In this context, we developed a novel strategy to achieve low thermal conductivity and high 
electrical conductivity at the same time in one material. Through simple, cost-effective, and time-
saving processes comprised of colloidal templating, electrodeposition, and etching, we have 
successfully fabricated epitaxial 3D meso/nanostructures. Fundamental physics lying behind this 
approach is to reduce lattice thermal conductivity by surface boundary phonon scatterings and to 
maintain electrical conductivity through single crystalline microstructures. In the remainder of 
Chapter 2, we describe the fabrication and characterization of various kinds of materials, Bi2Te3, 
PbS and Fe3O4, which possess 3D architectures with high crystal quality. In following Chapters 
3 and 4, we discuss thermal and electrical transport properties of these materials, especially for 
Fe3O4 case, respectively. 
 
2.2    Experimental Methods 
2.2.1    Synthesis of Bi2Te3 3D meso/nanostructures 
For the fabrication of Bi2Te3 3D meso/nanostructures, surface of the electron-beam 
evaporated Au (100 nm)/Cr (3 nm)/glass substrate was cleaned with piranha solution and then 
functionalized with thiol molecules to give Au surface hydrophilicity. Using the vertical deposition 
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technique, where the convective colloidal self-assembly takes place, the sulfate-polystyrene 
spherical particles were assembled on the Au surface to form the colloidal crystals. The voids 
inside the colloidal crystals were filled with Bi2Te3 by pulsed electrochemical deposition in an 
acidic bath at room temperature. The bath was comprised of 7.5 mM Bi(NO3)3·5H2O, 10 mM 
TeO2, 1 M nitric acid, 80 mg L
-1 sodium lignosulfonate, and Type 1 water (18.2 MΩ cm). The 
pulsed electrodeposition was performed by alternately applying -0.058 V vs. Ag/AgCl for 0.1 s 
(on state) and 0.1 V for 5.0 s (off state) for multiple cycles. The polystyrene templates were 
removed by tetrahydrofuran (THF) at elevated temperatures (40 ~ 50oC) for 3 ~ 7 days depending 
on the polystyrene size.  
2.2.2    Synthesis of epitaxial PbS systems 
Other than Bi2Te3 which requires van der Waals epitaxy, it is relatively easy to grow a PbS 
epitaxy because the PbS is an ionic compound having a rock salt structure with a space group of 
𝐹𝑚3̅𝑚71,72. To grow a PbS epitaxial film with electrodeposition, we needed a conductive and 
epitaxial seed layer whose lattice parameter was similar to that of PbS. We chose the PbS itself as 
the seed layer material. Prior to growing the seed layer, the surface of the GaAs (100) wafer was 
cleaned with NH4OH : H2O (5 : 1 v/v) solution to remove native oxide layers that inhibit an epitaxy 
growth. A PbS epitaxial seed layer was grown on a heavily-doped GaAs (100) wafer using 
chemical bath deposition (CBD). The bath consisted of SC(NH2)2, Pb(NO3)2, NaOH and deionized 
water. Film growth was carried out at 30oC for various periods of time in order to reach the desired 
film thickness. On the PbS epitaxial seed layer, we have grown the colloidal crystals through the 
vertical deposition method. 
2.2.3    Synthesis of epitaxial Fe3O4 3D meso/nanostructures 
For the fabrication of epitaxial Fe3O4 3D meso/nanostructures, a 100 nm thick epitaxial Au 
(111) layer was deposited on a Ti (0002)/Al2O3 (0006) substrate using electron-beam evaporation 
method. Fe3O4 films were grown on the Au (111) layer with electrochemical deposition where 
freshly-made electrolytes comprising Fe2(SO4)3·xH2O, triethanolamine, NaOH, and Type 1 water 
were used. A platinum plate and an Ag/AgCl (4 M KCl saturated) electrode were employed as the 
counter electrode and the reference electrode, respectively. At 80oC of the bath temperature, a 
cathodic potential of -1.018 V vs. Ag/AgCl was imposed on the Au working electrode for several 
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minutes that varied according to the situations. To grow colloidal crystals on the Au film, we 
followed the same procedures as the ones used in Bi2Te3 synthesis. Depending on the diameter of 
colloidal particles, incubating condition was slightly modified. Overall procedures are well 
represented in Figure 2.10. 
 
Figure 2.10 – Fabrication process of 3D epitaxial Fe3O4 porous structures. (a) Prepare Piranha-
cleaned c-Al2O3 substrate. (b,c) Deposit 3 nm thick Ti layer followed by 100 nm thick Au layer 
using electron beam evaporator. Activate Au surface using thiol aqueous solution. (d) Grow 
polystyrene colloidal crystals through vertical deposition method. (e) Electrodeposit Fe3O4 film 
through the voids inside the colloidal crystals until the target thickness. (f) Dissolve polystyrene 
particles using THF. 
2.2.4    Characterization 
Scanning electron microscope (SEM)  
We observed the morphologies of the sample by collecting top and cross-section images 
using field-emission SEM (FESEM; S-4800, Hitachi). Prior to imaging, we coated the sample 
using an Au-Pd sputter to enhance the imaging resolution.  
X-ray diffraction (XRD) 
Crystallographic characteristics of the sample were investigated using an XRD (Panalytical 





performed the 2θ/ω scans over 2θ range of 10 ~ 80o to identify the phases and out-of-plane textures 
of the sample. Prior to every measurement, we corrected offsets of initial ω and ψ values by 
performing ω scan, ψ scan, and ω scan sequentially on the substrate peak as a reference. The 
rocking curves were obtained at fixed 2θ value that corresponds to an out-of-plane orientation of 
a synthesized film.  
To study the in-plane epitaxial relationships, we performed the pole-figure measurements 
and the azimuthal scans. For the pole-figure measurements, the sample was tilted from ψ = 0o to 
87o, and at each ψ, the sample was azimuthally rotated from φ = 0o to 360o. For both tilt and 
azimuthal movements, data were collected in the continuous mode with 3o intervals. Other than 
the pole-figure measurements, the azimuthal scans were performed at fixed ψ. Data were collected 
in the continuous mode during azimuthally rotating the sample from φ = 0o to 360o with 0.3o 
interval. 
Confocal Raman spectroscopy 
We acquired Raman spectra of the samples using a Horiba confocal Raman microscope 
(LabRAM HR 3D) equipped with a 532 nm laser. The laser beam passed through a filter with the 
optical density of 0.6 and then through a 20x objective lens. The final power of the laser beam 
reaching the sample was 3.5 mW according to a radiometer. Using 300 g mm-1 grating, we 
collected the data over Raman shift of 0 ~ 1000 cm-1 with an exposure time of 120 s. The small 
power and longer exposure time were selected to avoid excessive heating73,74. 
Energy dispersive spectroscopy (EDS) 
Atomic composition of a material, especially for Bi2Te3, was determined using an EDS 
tool attached to the FESEM. 
Rutherford backscattering spectrometry (RBS) 
We employed RBS technique to obtain the densities of the dense film and porous films 
with different pore sizes. Using a tandem electrostatic accelerator system (Pelletron, NEC), we 
impinged 2 MeV 4He+ ions onto the sample loaded in the vacuum chamber at the pressure below 
5 x 10-5 Torr. The incident, exit and scattering angles were 15o, 15o and 150o respectively. The 
49 
 
beam size and the beam current were 2 mm in diameter and 100 ~ 200 nA. We collected the counts 
of the backscattered 4He+ ions as a function of the energy distribution.  
We used samples still including the polystyrene particles inside, for the sake of clarifying 
the boundary between Au and Fe spectra. Without the polystyrenes, the Au peak became too broad 
due to larger roughness, ending up with screening the Fe spectrum and hence making it hard to 
analyze the data. Prior to measuring Fe3O4 sample, we always collected the RBS spectrum of bare 
Au (100 nm)/Ti (3 nm)/c-sapphire substrate as a reference.  
We measured the thickness of film using cross-section SEM images of mechanically-
cleaved sample after the RBS measurement. The estimate of root-mean-square (RMS) roughness 
of the film surface was determined by scanning the surface with surface profilometry (Dektak3ST, 
Sloan) in which a diamond-tipped stylus is used to measure surface topography. We analyzed the 
data using a SIMNRA software (Version 7.0, Max-Planck-Institut).  
X-ray fluorescence (XRF) 
Using an energy dispersive X-ray fluorescence (EDX-7000, Shimadzu), the densities of 
samples were determined to cross-check the RBS results. A collimated X-ray beam with the 
diameter of 1 mm was accelerated at a voltage of 50 kV and impinged on samples surrounded in 
He atmospheres. We collected the intensity (cps µA-1) of characteristic X-rays emitted from 
elements of each sample as a function of the energy of the emitted photons. The thicknesses of 
Fe3O4, Au, and Ti layers were deduced by quantitatively analyzing the intensity peaks 
corresponding to the electronic transitions of FeKα centered at 6.40 keV, AuLα at 9.72 keV, and 
TiKα at 4.50 keV, respectively. The density of Fe3O4 was calculated by dividing the thickness 
determined from the XRF measurement by the thickness determined from the SEM observation 
on the cross-section of a sample. For estimating the densities of porous samples, we used PS 
included ones for all cases.  
Transmission electron microscopy (TEM) 
(by Dr. Yang at Prof. Zuo group) 
We prepared cross-sectional TEM samples using a FEI Helios 600i FIB/SEM. The 40 nm 
porous film was chosen for the TEM observation. Prior to the milling process, we first coated the 
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target area with carbon, and then a Pt/C protective layer with electron and ion beams sequentially. 
The Ga+ ion beam was controlled from 2.3 nA at 30 kV to 7.7 pA at 5 kV for sample thinning, and 
5 pA at 1 kV for final polishing. Final sample thickness was about 40 nm. 
Bright-field TEM images, selected area electron diffraction (SAED) patterns and high-
resolution TEM (HRTEM) images were collected using a JEOL 2100 Cryo TEM equipped with a 
LaB6 gun. High-resolution scanning TEM (HRSTEM) images were obtained using an aberration-
corrected JEOL 2200FS with a field emission gun. Both were operated at 200 kV. 
The orientation and the rotation angle maps were constructed by the scanning electron 
nanobeam diffraction (SEND) technique and diffraction imaging. Using a convergent electron 
beam with 3.5 nm in full width half maximum and a slow scan CCD camera, we scanned over the 
area of 150 nm x 1.0 µm. We acquired diffraction patterns every 10 nm along both the horizontal 
and vertical directions with an exposure time of 0.3 s for each pattern, winding up with obtaining 
a total of 1500 points (15 x 100). In SEND experiment, we used 4 times binning (512 x 512 pixels). 
All patterns were recorded within 20 min. The obtained diffraction patterns were indexed and 
reconstructed into orientation and rotation angle maps. The rotation angle map was obtained by 
comparing the rotation angle of each diffraction pattern with a reference diffraction pattern and 
coloring the angles accordingly. 
 
2.3    Meso/nanostructured Bi2Te3 and PbS Systems 
2.3.1    Bi2Te3 3D meso/nanostructures 
Figure 2.11 exhibits the plane-view images of Bi2Te3 dense film and 3D porous structures 
with different pore sizes. The dense film was smooth and dense, and the porous films were 
conformally grown. As shown in the cross-section images of Figure 2.12, the thickness of the 
dense film and the porous film could be controlled ranging 4 ~ 8 µm without forming any dendrites. 
The conformal morphology and large thickness are due to i) adding a small amount of a surfactant, 
sodium lignosulfonate, ii) using a pulsed electrodeposition instead of continuous deposition, and 
iii) high electrical conductivity of Bi2Te3 itself. The combined effects among three factors 
prevented crystallites from aggregating during film growth and induced uniform electric potential 
and current density over the entire area75-77. The 3D meso/nanostructures were identified as 
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polycrystalline Bi2Te3 (JCPDS 15-0863, tellurobismuthite) from XRD analysis (Figure 2.13a). 
The EDS proved that atomic ratio of Bi to Te was exactly 2:3, indicating that 3D structure is 
stoichiometric (Figure 2.13b).  
 
Figure 2.11 – Top-view SEM images of Bi2Te3 (a) dense film and 3D porous films with different 
pore sizes: (b) 500, (c) 200 and (d) 100 nm, respectively. 
 
 
Figure 2.12 – Cross-section SEM images of Bi2Te3 (a) dense and (b) 500 nm porous films. Tuning 







Figure 2.13 – (a) XRD patterns of 3D Bi2Te3 meso/nanostructures with 100 and 500 nm pores, 
respectively. Both are pure Bi2Te3 phase. (b) EDS spectrum of 100 nm sample indicates that ratio 
of Bi to Te is exactly stoichiometric, 2 : 3 within 1.1 % error. 
Thermal conductivity of the polycrystalline Bi2Te3 dense film was measured by TDTR 
technique. As a transducer and a thermometer, ~ 80 nm thick Al film was deposited on top surface 
of the film using sputtering. We measured Vin and Vout signals as a function of time delay 
(picosecond ~ nanosecond). We estimated the Al film thickness from the acoustic signal appearing 
in the very initial stage of the measurement (Figure 2.14a). A plot of -Vin/Vout over the entire range 
of time delay is demonstrated in Figure 2.14b. We fitted the measured data with a unidirectional 





thermal conductivity of 1.49 W m-1 K-1. This value is in accordance with previously reported 
ones79-81.  
 
Figure 2.14 – TDTR measurement on the dense Bi2Te3 film. (a) Acoustic signal in Vin vs. time 
delay at the very initial time gives an estimate of Al transducer thickness. (b) Plot of -Vin/Vout 
against entire range of time delay. 1D heat diffusion model and experimental data agree well.  
Note that the epitaxial growth of Bi2Te3 with electrodeposition is very tricky. The Bi2Te3 
has a rhombohedral crystal structure with a space group of 𝑅3̅𝑚82,83. It has a weak Van der Waals 
bonding along (111) direction, which makes it difficult to add additional atoms along this direction 
with a conventional electrodeposition technique. To do so, electrochemical atomic layer deposition 
could be employed to deposit each atomic layer one by one by changing the electrolyte for each 
layer84-87, which is time consuming and costly. The maximum obtainable thickness through this 
way is only 50 ~ 100 nm. Furthermore, it does not guarantee the epitaxy all times. For this reason, 
the epitaxial growth of Bi2Te3 in the previous reports were enabled only by MBE process
83,88.  
2.3.2    3D mesostructures on PbS epitaxial film 
As shown in Figure 2.15a, the overall surface of the seed layer is smooth and dense after 
enough time of chemical reaction. It is ideal for colloidal crystal growth. When looking into the 
local region where highly textured pits are located due to insufficient time to be dense, it is 
observed in Figure 2.15b that PbS film exhibits a rectangular-faceted morphology characteristic 






Figure 2.15 – Plane-view SEM images of epitaxially grown PbS seed layers with different surface 
morphologies on the GaAs substrate. (a) Smooth and dense film under enough time of reaction. 
(b) Rough film under insufficient time of reaction. 
 
 
Figure 2.16 – XRD patterns of a PbS seed layer on the GaAs (100) substrate. (a) 2θ/ω curve 
indicates out-of-plane epitaxy along [110] direction. (b) PbS (311) pole-figure does in-plane 
epitaxy. The epitaxial relationship between PbS layer and GaAs wafer is expressed as 
PbS (110)[001]//GaAs (001)[110] and PbS (110)[1̅10]//GaAs (001)[1̅10]. 
This highly-textured characteristic is also verified in a 2θ/ω XRD patterns in Figure 2.16a. 
The out-of-orientation measurement indicates that a PbS seed layer was epitaxially grown along 
[110] direction of PbS (JCPDS 05-0592, galena) although the GaAs wafer had a (100) orientation. 
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This rather unusual orientation relationship could be favored due to a close lattice mismatch (less 
than 1 %) in the 3 : 2 superstructure formed between 3*d (110) GaAS and 2*d (100) PbS71. A pole-
figure projected along PbS (311) in Figure 2.16b exhibits two sets of sharp peaks at 31.5o and 
64.8o, which are possible inter-angles between {311} and {110} plane groups. This indicates that 
the PbS (110) seed layer had an in-plane epitaxial relationship as well. Therefore, epitaxial 
relationship between PbS seed layer and GaAs substrate can be expressed as PbS (110)[001]//
GaAs (001)[110] and PbS (110)[1̅10]//GaAs (001)[1̅10]. 
The colloidal crystals were grown on the epitaxial PbS seed layer using the same technique 
used for the Bi2Te3 case. The negatively charged polystyrene particles were self-assembled on the 
seed layer surface in the form of face-centered cubic (FCC). Figure 2.17 depicts that a 2.5 μm-
thick colloidal crystal (200 nm in diameter) was grown on a 2 μm-thick PbS epitaxial layer in a 
highly ordered manner. 
 
 
Figure 2.17 – Cross-section SEM image of colloidal crystals self-assembled on the PbS epitaxial 













2.4    Epitaxial Fe3O4 3D Meso/nanostructures 
2.4.1    Multi-layered heteroepitaxial growth 
 
Figure 2.18 – Fabrication strategies of epitaxial 3D nanostructures. (a) Al2O3 (0001) substrate as 
a starting point for multilayer heteroepitaxies. Oxygen ions are exposed to top surface with 
interatomic distance (O - O) of 2.8656 Å . (b) Rotating Al2O3 (0001) substrate by 30
o, Ti adhesion 
layer, in which interatomic distance is 2.9505 Å , is grown epitaxially along [0001] orientation on 
Al2O3 (0001) with coincidence lattice mismatch of 3.0 %. (c) Due to small coincidence lattice 
mismatch (-2.3 %), Au film is grown epitaxially along [111] orientation on Ti (0001) layer. The 
interatomic distance in Au (111) plane is 2.8840 Å . (d) Single crystalline Fe3O4 (111) 3D 
nanostructure is enabled on the Au (111) film by small coincidence lattice mismatch, 2.9 %, 
between two layers, and by the colloidal crystal growth and the electrodeposition. The interatomic 
distance (Fe - Fe) in Fe3O4 (111) plane is 2.9684 Å .  
As a very bottom part of the epitaxial 3D nanostructures, the Al2O3 (0001) substrate (c-
plane sapphire) was employed as shown in Figure 2.18a. Theoretically, rotating the sapphire by 
30o with respect to the c-axis, we could grow a 3 nm thick epitaxial Ti adhesion layer on the oxygen 





[111] direction (Figure 2.18b and c). These heteroepitaxial characteristics in both cases were 
enabled by a small coincidence lattice mismatch (3.0 %) between Ti layer and sapphire substrate 





where 𝑎𝑓 and 𝑎𝑠 indicate the lattice parameters of film and substrate, respectively. Similarly, the 
Fe3O4 (111) has a small coincidence lattice mismatch of 2.9 % with the Au (111) film as illustrated 
in Figure 2.18d. The coincidence and original lattice mismatches of four layers are summarized 
in Table 2.2. 
Table 2.2 – Summary of the coincidence and the original lattice mismatches among four layers. 
The lattice constants were taken from JCPDS cards (Al2O3: #46-1212, Ti: #44-1294, Au: #04-




































To realize heteroepitaxial Au (111)/Ti (0002) layers is of great importance in two ways. It 
enables us to utilize the general colloidal crystal growth technique89 as well as to grow the epitaxial 
Fe3O4 through one-step electrodeposition method
90. The FCC metals such as Al, Ag, Cu, and Ni 
are known to epitaxially grow along [111] direction directly on the c-Al2O3 substrate
91-95. Other 
than these metals, however, direct deposition of Au on sapphire usually accompanied poor 
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crystallinity92,96-98 or required high-temperature deposition followed by post-annealing to enhance 
the crystallinity97. This problem has been partly resolved by inserting a Nb layer between Au and 
sapphire, in which there are still some limitations such as requiring the high temperature, 300oC 
for Au deposition and limited thickness range of epitaxial Au, below 50 nm99,100. In the present 
study, instead of the Nb, we inserted a Ti layer between c-Al2O3 and Au film for achieving multiple 
purposes. First, it is easier to thermally evaporate Ti rather than Nb as Ti has a lower melting 
temperature (1660oC for Ti and 2477oC for Nb). Second, the lattice mismatches with sapphire and 
Au are only 3.0 % and -2.3 %, respectively, so that we can achieve high quality Au and Fe3O4 
epitaxial layers. Finally, Ti is a well-known material as superior adhesion layer that promotes the 
bonding between Au and oxide substrate. These three features enabled us to fabricate high quality 
epitaxial 3D Fe3O4 porous films more easily without making any instability/delamination 
problems during Piranha clean, colloidal crystals growth, high-temperature electrodeposition, 
micro-fabrication steps, polishing, measurements, irradiations and so on. To the best of our 
knowledge, this strategy has not been reported elsewhere to date. 
2.4.2    Morphology of epitaxial Fe3O4 3D meso/nanostructures 
Using this strategy, we fabricated single crystalline meso/nanostructured Fe3O4 porous 
films through electrochemical deposition that Switzer and co-workers first demonstrated for 
making dense Fe3O4 film
90.  
 
Figure 2.19 – Top and cross-section (inset) SEM images of the epitaxial Fe3O4 films such as dense 
film without any pore and porous films with different pore diameters of 500, 200, 100 and 40 nm 
that can be fabricated by the strategies above. Scale bars (including insets), 1 μm for the left two 
panels; and 400 nm for the right three panels. 
Figure 2.19 shows SEM images of dense and porous Fe3O4 epitaxial films. The porous 
films have diameters from 500, 200, 100 and 40 nm, respectively. The dense film clearly reveals 
smooth and triangular large domains, indicative of the epitaxial nature. For the porous films, we 
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observed two distinct features. First, the smaller the pore size was, the smoother the surface was. 
Second, the orderliness of the pores become degraded as the pore size decreased, thereby leading 
to the higher volume fraction of Fe3O4 matrix at the smaller pore size. The cross-sectional images 
(insets of Figure 2.19) represent that regardless of the pore sizes the thickness of the epitaxial 
films was tunable from ~ 1 µm thick at least up to 4 ~ 5 µm at maximum.  
 
2.5    Crystallographic Analysis on Epitaxial Fe3O4 3D Systems 
2.5.1    Study on Au (111)/Ti (0002)/Al2O3 (0006) substrate 
We first performed the 2θ/ω scan on the Au (100 nm)/Ti (3 nm)/c-Al2O3 substrate. In 
Figure 2.20a, a strong reflection is observed at 2θ corresponding to Au (111), which proves that 
the Au film has good out-of-plane epitaxies along [111] direction. It is hard to observe Ti (0002) 
peak because the 2θ of it is 38.422o, which is very similar with that of Au (111), 38.184o, and Ti 
layer is too thin to be detected. Figure 2.20b exhibits rocking curves of Au (111) film measured 
at fixed 2θ = 38.184o, whose mosaic spread, FWHM, is 0.565o.  
 
Figure 2.20 – Characterizations on Au layer. (a) 2θ/ω scan on Au (100 nm)/Ti (3 nm)/c-Al2O3 
substrate. (b) Rocking curve of Au (111) layer, of which FWHM is 0.565o. (c) Au (311) pole-







Pole-figure of Au (311) measured at the fixed 2θ = 77.549o in Figure 2.20c exhibits strong 
and discrete reflections at specific ψ and φ, without any continuous ring patterns. This is indicative 
of the Au (111) film having high-quality in-plane epitaxies too. We observe three sets of six strong 
reflections apart by φ = 60o at ψ = 30o, 58.5o and 81o, which are caused by Bragg reflections from 
Au {311} planes. In a cubic single crystal with single domain, there should be only three 
reflections at ψ = 30o and 81o respectively, based on the crystallographic calculations101. This 
means that our Au (111) film consists not of single domain but of two domains with [111] 
orientation rotated antiparallel to each other. Another one set of three reflections separated by φ = 
120o at ψ = 17.5o is due to Al2O3 (1 0 1̅ 10) plane, which has 2θ and interplanar angle with Al2O3 
(0006) plane of 76.871o and 17.5o, respectively.  
2.5.2    Out-of-plane epitaxy of Fe3O4 (111) film 
 
Figure 2.21 – Out-of-plane epitaxy. (a) 2θ/ω scans on the bulk single crystal, epitaxial dense and 
porous films, indicating all films are grown along [111] orientation. (b) Rocking curves of Fe3O4 
(111) at 2θ = 18.290o where dense film has a broader peak than single crystal. As pore size 




Figure 2.21a shows the measured XRD data of the Fe3O4 dense and porous films using 
2θ/ω scans. As a reference, we also examined bulk Fe3O4 (111) single crystal obtained from 
polishing Fe3O4 octahedron mineral along [111] direction. Clearly, all the films were perfectly 
grown along [111] out-of-plane orientation without containing any minor orientation or any 
secondary phase, in accordance with the pattern of the bulk single crystal. Rocking curves of Fe3O4 
(111) plane at 2θ = 18.290o (Figure 2.21b) tell us the crystallinity of samples, so called mosaic 
spread. Larger full-width half-maximum (FWHM) means larger mosaic spread and lower 
crystallinity.  
Two points are notable. First, the dense film has a broader mosaic spread than the bulk 
single crystal. Second, mosaicity increases as the pore size decreases. In an epitaxial growth 
through 3D colloidal template, the structural imperfections such as dislocations and stacking faults 
are known to be generated from the strain relaxation102,103. As smaller colloids have larger 
curvature and surface area, epitaxial film would undergo larger strain during the growth, resulting 
in larger mosaic spread.  
2.5.3    In-plane epitaxy of Fe3O4 (111) film 
To probe in-plane epitaxies, we collected Fe3O4 (311) pole-figures of the bulk single crystal, 
dense and 40 nm porous films as depicted in Figure 2.22a. Through simple mathematical 
calculations101, we can deduce that in a (111)-oriented single crystal with a single domain, the 
stereographic projection of {311} planes is supposed to have three reflections apart by φ = 120o at 
ψ = 30 and 81o respectively, and six reflections separated by φ = 60o at ψ = 58.5o. At the same ψ 
angles, the dense and 40 nm porous films also showed periodic and strong {311} reflections from 
[111]-oriented samples without any ring pattern, indicating high-quality in-plane epitaxies. Three 
reflections at ψ = 37.3o came from {101̅4} planes of Al2O3 (0006).  
One difference from the bulk single crystal was that two films had six reflections apart by 
φ = 60o even at ψ = 30 and 81o. This implies both synthesized films are comprised of two domains 
with [111] orientation rotated antiparallel to each other, not of single one. For the 40 nm porous 
film, we additionally observed six weak reflections separated by φ = 60o at ψ = 9o which were 
formed by reflections from {311} planes of [511]-oriented lattices90, indicative of a small amount 
of mirror twins (six domains) created along [111] orientation by spinel law104,105. These reflections 
diminished with increasing pore diameters (Figure 2.22b) and then disappeared in the dense film. 
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We suspect that smaller surface area-to-volume ratio and curvature of larger colloids would have 
effects on the decreased twin formation. As (511) plane has the same d-spacing with (333) plane, 
we could not distinguish them in the 2θ/ω scans.  
 
Figure 2.22 – In-plane epitaxy. (a) Fe3O4 (311) pole-figures of single crystal, dense and 40 nm 
porous films. Similar with single crystal and dense film, 40 nm sample also exhibits strong discrete 
reflections only at specific tilt (ψ) and azimuth (φ) angles, indicating high quality in-plane epitaxies 
conserved. (b) Fe3O4 (311) pole-figures of 500, 200 and 100 nm porous samples show that all have 




2.5.4    In-plane epitaxial relationships among four layers 
 
Figure 2.23 – Azimuthal scans on four layers along in-plane orientation where Fe3O4 (311), Au 
(311), Ti (112̅2) and Al2O3 (112̅3) atomic planes are aligned to each other.  
To investigate in-plane epitaxial relationships of four layers in the 40 nm porous sample, 
we implemented azimuthal scans on Fe3O4 (311), Au (311), Ti (112̅2)  and Al2O3 (112̅3) 
respectively at the similar ψ values, 58.5o for both Fe3O4 and Au layers, 57.8
o for Ti layer and 
61.2o for sapphire substrate, as shown in Figure 2.23. We observe that Fe3O4, Au and Ti layers 
show six strong reflections at the same azimuthal angles and so does the sapphire at the 30o-rotated 
angle, which tells us that the atomic lattices of four layers are highly coherent with neighbor layers 
along the in-plane direction. Although we know that they are highly aligned to each other, it is not 
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possible to determine the in-plane epitaxial relationships exactly only from this measurement 
because at this ψ angle the c-Al2O3 substrate is also supposed to have six reflections, the same as 
Fe3O4, Au and Ti, as shown in Table 2.3.  
Table 2.3 – Comparison between ideal reflections by crystallographic calculations and real data 
of four layers at two different ψ angles.  
Materials 

















































Number of domains are extracted from this comparison. When calculating ideal reflections, we 
use two different equations, one for cubic structure and the other for hexagonal one, which define 
the interplanar angle (ψ) between two atomic planes, (ℎ1𝑘1𝑙1) and (ℎ2𝑘2𝑙2), as shown below
106 
cos 𝜓 =








     for cubic, 
cos 𝜓 = 𝑑ℎ1𝑘1𝑙1𝑑ℎ2𝑘2𝑙2 [{ℎ1ℎ2 + 𝑘1𝑘2 +
1
2
(ℎ1𝑘2 + 𝑘1ℎ2)} 𝑎
∗2 + 𝑙1𝑙2𝑐




 , 𝑐∗ =
1
𝑐
      
where 𝑑ℎ1𝑘1𝑙1 , 𝑑ℎ2𝑘2𝑙2 , 𝑎 and c denote (ℎ1𝑘1𝑙1), (ℎ2𝑘2𝑙2) interplanar spacings, lattice constants 
along [21̅1̅0] and [0001] directions of hexagonal structure, respectively. 
We therefore performed additional measurements on four layers that are aligned along 
another in-plane direction, different from above. Figure 2.24a shows the pole-figures of four 
layers, Fe3O4 (220), Au (220), Ti (101̅3) and Al2O3 (101̅4). The Fe3O4 and Au pole-figures have 
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six strong reflections respectively at ψ = 35.3o and Al2O3 one has three strong reflections at ψ = 
37.3o. At this ψ range, both Fe3O4 (220) and Au (220) should exhibit only three reflections if they 
were comprised of the single domain according to the crystallographic calculations (Table 2.3). 
We once again confirm that Fe3O4 and Au epitaxies have two domains, in good agreement with 
the (311) pole-figure results. Due to very small thickness, we were not able to collect any 
information on the Ti layer from the pole-figure measurement. It is essential to know the 
characteristic of the Ti layer to clearly reveal the overall in-plane epitaxial relationships.  
 
Figure 2.24 – Measurements along another in-plane orientation. (a) Pole-figures of Fe3O4 (220), 
Au (220), Ti (101̅3), and Al2O3 (101̅4). Six strong reflections in the Ti (101̅3) pole-figure are 
due to Al2O3 (123̅5). (b) Azimuthal scans on four layers along the in-plane orientation where 
Fe3O4 (220), Au (220), Ti (101̅3) and Al2O3 (101̅4) atomic planes are aligned to each other. The 




Using the same 2θ configurations as the pole-figure measurements, the azimuthal data were 
delicately collected at the ψ values of 35.3o for both Fe3O4 and Au layers, 32.4
o for Ti layer and 
37.3o for sapphire substrate respectively, as depicted in Figure 2.24b. We observe that six 
reflections from Ti layer are perfectly aligned with those of Au and Fe3O4 layers at the same 
azimuthal angles. Considering that Al2O3 has three reflections that are apart by 120
o at the 30o-
rotated angles, we can now deduce that the Ti layer has two domains with [0001] orientation 
rotated antiparallel to each other107, which is the same case as the Au and Fe3O4 layers (Table 2.3). 
The evolution of the 180o-rotated domain with respect to the original one has been reported to be 
due to the presence of two terraces of a stepped Al2O3 (0006) surface
108. We finally conclude that 
there are two kinds of in-plane epitaxial relationships among four layers, the parallel and the 
antiparallel alignments with respect to the sapphire substrate, which can be expressed as Fe3O4 
(111)[11̅0]//Au (111)[11̅0]//Ti (0002)[12̅10]//Al2O3 (0006)[11̅00] and Fe3O4 (111)[1̅10]//Au 
(111)[1̅10]//Ti (0002)[1̅21̅0]//Al2O3 (0006)[11̅00], respectively.  
 
2.6    Raman Spectroscopy on Epitaxial Fe3O4 3D Structures  
One issue when analyzing Fe3O4 phase using XRD is that it is hard to distinguish between 
Fe3O4 (magnetite) and γ-Fe2O3 (maghemite; cation-deficient magnetite with a defective cubic 
structure) because the crystal structure and the lattice constants of Fe3O4 (cubic, Fd-3m, a = 8.396 
Å) are very similar with those of γ-Fe2O3 (cubic, P 4332, a = 8.342 Å )
109,110. We performed Raman 
spectroscopy measurement on the dense and porous films to resolve this problem and to also study 
the chemical bonding characteristics and vibrational modes in our samples. Figure 2.25 shows the 
measured 532 nm Raman laser spectra of the epitaxial dense and porous films. As a reference, we 
examined the bulk Fe3O4 (111) single crystal. In all cases, we observed three major peaks at the 
Raman shifts of 668 (A1g), 538 (T2g(2)) and 306 cm
-1 (Eg) in order of decreasing intensity and one 
very weak peak at 194 cm-1 (T2g(1)). All four peaks are Raman characteristics of pure single 
crystalline Fe3O4 phase
74. The T2g(1) mode at 194 cm
-1 is usually known to be barely observed or 
to be detected very weakly111. More specifically, four Raman shifts are related with the normal 
mode motions of the FeO4 tetrahedrons
111: symmetric stretch of O atoms along Fe-O bonds for 
A1g, asymmetric stretch of Fe and O atoms for T2g(2), symmetric bends of O atom with respect to 
Fe for Eg and translatory movement of the whole FeO4 unit (T2g(1)). It is notable that for all 
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samples we did not observe any other Raman peaks from the γ-Fe2O3 phase with Raman shifts at 
700 (A1g), 491 (Eg) and 365 cm
-1 (T2g)
74,109,110. Raman characteristics of the films were in good 
agreement with that of bulk single crystal. Three peaks (A1g, T2g(2), Eg) slightly broadened with 
decreasing pore size, which means increased mosaic spread. This behavior corresponds with the 
rocking curve results discussed above. 
 
Figure 2.25 – Raman spectra (λ = 532 nm) of single crystal, dense and porous films with different 
pore sizes from 500, 200, 100 to 40 nm. Regardless of pore sizes, all porous films have the same 
Raman shift behaviors as the single crystal and the dense film have. No peaks from γ-Fe2O3 phase 
are observed, which strongly supports the XRD results. 
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2.7    Density Determination of Epitaxial Fe3O4 3D Structures  
 2.7.1    RBS data analysis 
Every material has its characteristic thickness (nm) that corresponds to an areal number 
density of 1 x 1015 atoms cm-2. It is reciprocal of its number density of atoms in the unit of 1022 
atoms cm-3. Number density of atoms is calculated by 
𝑛𝑢𝑚𝑏𝑒𝑟 𝑜𝑓 𝑎𝑡𝑜𝑚𝑠 𝑝𝑒𝑟 𝑢𝑛𝑖𝑡 𝑓𝑜𝑟𝑚𝑢𝑙𝑎
𝑉𝑚
 ×  𝑁𝐴 , 
where Vm and NA denote molar volume and Avogadro’s number, respectively. Number of atoms 
per unit formula of Au and Fe3O4, for example, is 1 and 7, respectively. Characteristic thickness 
is typically used for analyzing the RBS data due to its convenience, as documented in Table 2.4. 
The density of Fe3O4 dense film (marked with *) fabricated in this study was determined by 
incorporating a characteristic thickness (0.1062 nm) calculated based on the reported Fe3O4 density 
(5.17 g cm-3). The measured value is 95 ± 5 % of the reported one. 
Table 2.4 – Summary of materials parameters used for RBS. Characteristic thickness of each 




















to 1015 atoms 
cm-2 (nm) 
Au 19.3 197 0.0980 1 5.90 0.1695 
Ti 4.51 47.9 0.0942 1 5.67 0.1762 
Al2O3 3.98 102 0.0390 5 11.8 0.0851 




232 0.0212 7 8.92 0.1121 
(𝐶8𝐻8)𝑛 
(polystyrene) 
1.06 104𝑛  
0.0101
𝑛
 16𝑛  9.77 0.1024 
 
Using these parameters and the RBS data of the Au/Ti/c-Al2O3 reference sample (Figure 
2.26a), we first determined the thickness of Au and Ti layers through fitting. These values were 
directly used as fixed parameters for analyzing the spectrum of the Fe3O4 film. The Fe3O4 film, 
here, refers to either the dense film (Figure 2.26b) comprised of Fe3O4 matrix and pore, or the 
polystyrene-included film (Figure 2.26c) consisting of Fe3O4 matrix and polystyrene bead. In 
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Figures 2.26b and c, we observe that the Au peak is different from that in the reference sample 
data in terms of the shape and the position. The shape tells us the roughness of the Fe3O4 film. The 
broader it is, the rougher the film surface is.  
 
Figure 2.26 – RBS spectra of ion counts against channel (or energy). (a) Data (○) and simulated 
curve (‒) of Au (100 nm)/Ti (3 nm)/c-Al2O3 substrate, as a reference. Fitting data with simulation, 
accurate thicknesses of Au and Ti layers were determined. (b, c) Spectra collected from Fe3O4 
dense and Fe3O4/polystyrene films, respectively. Both are well fitted with calculated curves where 
we input Au and Ti parameters determined from reference sample analysis. Low energy tails of (b) 
and (c) are due to roughness of samples112. 
The position of the Au peak is significant in determining the Fe3O4 density of the film. The 
Au peak shifts toward lower energy as the film thickness increases or the density of Fe3O4 matrix 
in the film increases. As we know the thickness of the film from the SEM images (Figure 2.27a), 
we can narrow down the possible range of the Fe3O4 density through Au peak fitting processes. 






estimate for fitting. We can further narrow down the density range by fitting the Fe atom spectrum 
(orange dashed lines in Figures 2.26b and c) which tells us the actual counts of Fe atoms. The 
point where the experimental data including Au peak and Fe spectrum are best fitted to the 
simulation curve with the goodness of fit, χ2, of ~ 10-2 typically (excluding low energy tails), gives 




𝑖 , where 𝑦𝑖 and ?̂?𝑖 
denote ith real data and ith simulated value, respectively.  
 
Figure 2.27 – Thickness and roughness measurements. (a) Cross-sectional SEM images of Fe3O4 
samples yet containing polystyrene beads with different sizes. Scale bars, 1 µm. (b) Plot of sample 
height against position collected from surface profilometry. The root-mean-square roughness over 





2.7.2    XRF data analysis 
 
Figure 2.28 – Photograph of a Fe3O4 sample loaded into the XRF measurement chamber under 
He atmosphere. The yellow circle with 1 mm in diameter is where the X-ray beam is bombarded. 
 
Figure 2.29 – Typical energy dispersive spectra collected from the XRF measurements on (a - d) 
dense and (e - h) PS included films. The thicknesses of Fe3O4, Au, and Ti layers were determined 
by the peak intensities of the characteristic X-rays emitted as a result of (b, f) FeKα, (c, g) AuLα, 
and (d, h) TiKα transitions. 
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Figure 2.28 shows the photograph of the Fe3O4 sample loaded into the XRF measurement 
instrument. The yellow spot with 1 mm in diameter indicates the area of the sample where the X-
ray beam was irradiated. The representative energy dispersive spectra of a dense film and a PS 
included film are depicted in Figure 2.29a and e, respectively. Based on so-called film 
fundamental parameters (FP) method, the amounts of Fe3O4, Au, and Ti were deduced from 
analyzing the characteristic X-ray peaks corresponding to FeKα, AuLα, and TiKα transitions 
respectively, which are exhibited in Figure 2.29b-d for a dense film and Figure 2.29f-h for PS 
included films. More specifically, the intensities of the characteristic peaks in cps µA-1 were first 
converted to the areal densities of Fe, Au, and Ti in µg cm-2 based on Sherman equation113. Then, 
the areal densities were converted to the thicknesses of Fe3O4, Au, and Ti layers by considering 
the mass densities of Fe3O4, Au, and Ti and the weight percent of the elements comprising the 
layers. Comparing the thickness obtained by XRF measurement with that by cross-section SEM 
image, we finally determined the Fe3O4 densities of PS included samples. 
2.7.3    Relationship between density and colloidal packing fraction 
Figure 2.30 presents the plots of the Fe3O4 densities of all porous samples determined by 
two independent methods, RBS and XRF. The results extracted from two types of measurements 
are in good agreement with each other.  
 
Figure 2.30 – Fe3O4 density of porous films as a function of pore diameter determined by RBS 
and XRF measurements, which increases with decreasing pore size.  
It is notable that the density of the 40 nm nanoporous film even reached 44.5 ± 4.5 %, 
almost half-filled. The density (39.0 ± 5.0 %) of even 500 nm porous sample, was 1.5 times greater 
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than the theoretical density value, 26 %, of an inverse replica of a face-centered cubic (FCC) array 
of colloidal particles62,114,115. This tells us that during the self-assembly particles do not actually 
form close packed crystals but form crystals without close packing, according to the hard sphere 
assembly116,117. Close-packed FCC crystals, with the packing fraction of 74 %, could not be 
attained presumably due to the polydispersity of colloidal particles118. Another origin of high 
density could be the presence of dense Fe3O4 regions that were grown on the cracks inside colloidal 
crystals. These cracks are known to form by shrinkage of 1 ~ 10 nm thick solvation layers of 
charged colloidal surfaces during drying process118.  
Another interesting feature is observed in Table 2.5 that summarizes the Fe3O4 densities 
and the corresponding packing fractions of colloidal crystals. The smaller the pore diameter is, the 
higher the Fe3O4 fraction is, implying that smaller particles were less packed and less ordered 
during colloidal crystallization. Packing fraction or quality of colloidal crystal is primarily 
determined by a polydispersity of colloidal particles, particle-particle repulsions/attractions in 
colloidal suspensions, and driving force for self-assembly118-121. We estimated the polydispersity 
of dried particles at each diameter utilizing the material information sheets of polystyrene beads 
supplied by vendor122. As shown in Table 2.6, the polydispersity of colloidal beads increases with 
decreasing particle diameter, which would be one major origin why colloidal crystals with smaller 
diameter have less compact and more disordered crystal arrays. Also, for smaller colloids, as there 
are larger numbers of solvation layers per unit volume resulting from larger surface area-to-volume 
ratio, more cracks could be generated in colloidal crystal upon drying and hence more Fe3O4 dense 
areas were formed in the porous sample.  
Table 2.5 – Summary of measured Fe3O4 densities of porous films. Packing fraction of 
polystyrenes, 100 – (Fe3O4 density), %, is included to discuss the relation between crystallinity of 
colloidal crystals and hard sphere volume fraction. The Fe3O4 densities (%) of porous samples 
were determined using the dense film density (4.91 ± 0.26 g cm-3) that was obtained from the RBS 
measurement above and its corresponding characteristic thickness (0.1121 nm).  
Pore diameter (nm) Fe3O4 density (%) PS packing fraction (%) 
500 39.0 ± 5.0 61.0 ± 5.0 
200  40.0 ± 5.0 60.0 ± 5.0 
100 42.0 ± 5.0  58.0 ± 5.0 
40 44.5 ± 4.5 55.5 ± 4.5 
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Table 2.6 – Diameters of colloidal particles on their dried states characterized by TEM observation 
were obtained from supplier’s material information sheets122. Polydispersity is defined as standard 








500 530 ± 11 2.1 
200  210 ± 6  2.9 
100 100 ± 8 8.0 
40  41 ± 6 15 
 
2.8    TEM Analysis on 40 nm Porous Epitaxial Fe3O4 3D Structures 
2.8.1    Characterization on Au (100 nm)/Ti (3 nm)/c-Al2O3 substrate  
 
Figure 2.31 – Characterization on Au (100 nm)/Ti (3 nm)/c-Al2O3 substrate. (a) HRTEM image 





Figure 2.31a represents a high-resolution TEM (HRTEM) image of three layers taken 
along [11̅0] orientation of Fe3O4 film. Each layer clearly reveals its atomic lattice fringes aligned 
along the crystal growth orientation, [111] for Au, [0002] for Ti, and [0006] for c-Al2O3 substrate, 
respectively. The interplanar distance of each layer is in good agreement with that of JCPDS card 
(Al2O3: #46-1212, Ti: #44-1294, Au: #04-0784). Figure 2.31b exhibits the crystal structure 
models of the layers projected into Fe3O4 [11̅0] direction. Atomic distances at the interfaces match 
well with each other due to small lattice mismatches among three layers. 
2.8.2    Microstructures of 40 nm porous epitaxial Fe3O4 film 
We investigated the microstructures of the 40 nm porous film using TEM. Figure 2.32a 
shows a high-resolution STEM (HRSTEM) image acquired at the interface between Fe3O4 porous 
layer and Au film, located in a squared region (□) of low-magnification [11̅0]-projected image 
(Figure 2.32b). The measured distance between two parallel Fe3O4 atomic planes exactly matches 
with the reported d-spacing of Fe3O4 (111) plane (JCPDS # 19-0629). For the Au layer, the 
measured and reported values also correspond to each other (JCPDS # 04-0784). This implies 
again that the Fe3O4 was indeed grown along (111) orientation with good epitaxial relationship 
with the Au (111) layer, in good agreement with the XRD data.  
In addition to analyzing the local area, we examined the overall crystallographic 
characteristics of 40 nm porous film by collecting the SAD pattern from the squared region (□ in 
Figure 2.32b) of 800 x 800 nm2. As shown in Figure 2.32c, all the spots are indexed either to 
(111), (002) and (1̅1̅1) atomic planes of the Fe3O4 matrix (red) with strong reflections or to those 
of the mirror-symmetric twin (blue) with weak reflections, indicating that 40 nm porous film is 
comprised mostly of the single crystalline domains containing small amounts of twins over the 
large area. The observation of the mirror twins along [111] direction is consistent with Fe3O4 (311) 
pole-figures in Figure 2.22.  
Another important thing to note is that the reflections in the diffraction pattern look like 
elongated spots instead of circular ones (Figure 2.32c). To elucidate the origin of this, we 
constructed two kinds of maps that quantify the degree of misorientations between local crystallites 
and visualize their distributions. We performed the scanning electron nanobeam diffraction (SEND) 
technique using very small electron probe beam (3.5 nm in full width half maximum) over the 
rectangular area (□ in Figure 2.32b) of 150 x 1000 nm2. Figure 2.32d presents the orientation 
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map (left), the rotation angle map (right) and the representative diffraction patterns (middle) that 
were used for constructing the two maps. A number in each pattern means that the corresponding 
pattern was collected from the location marked with that number in two maps.  
 
Figure 2.32 – Microstructural characterization of epitaxial 40 nm porous film. (a) [11̅0]-projected 
HRSTEM image taken at the interface between Au and Fe3O4 layers. Model atoms (inset; Fe: blue, 
Au: yellow) match with observed ones. Scale bar, 1 nm. (b) Bright-field low-magnification TEM 
image. Scale bar, 200 nm. (c) SAED pattern acquired over 800 x 800 nm2. (d) Orientation (left), 
rotation angle (right) maps and SEND patterns (middle) used for constructing two maps. Red or 





The orientation map provides how much each crystal is deviated from a reference 
[11̅0] direction. Except for the pores marked by black color, most regions seem to fall in with 
[11̅0] direction when judging only from the color. However, our quantitative analysis revealed 
that the crystallites were tilted from a reference by 0.17 ~ 15.3o with an average value of 3.3o, 
implying that local crystalline domains are slightly misoriented to each other along [11̅0] 
orientation keeping the epitaxy.  
The rotation angle map visualizes 2D information on how much each domain is rotated 
from a reference [111] direction. Analyzing the direction of an elongated hexagon (marked with 
rotation angle) in each pattern of Figure 2.32d, which included an actual <111> direction of each 
crystallite, we figured out that the rotation angles of matrices ranged over -9.0 ~ 13.9o with an 
average value of 3.3o (reddish areas) and that those of twins were in the range of 68.3 ~ 87.4o with 
an average value of 77.6o (bluish areas). Other than the orientation mapping, the rotation map tells 
us the location of twins, which are usually observed nearby pores, as marked in Figure 2.33. 
Combining this result with the orientation map result, we can conclude that the 40 nm porous 
Fe3O4 film is comprised of the local crystal domains of ~ 3 nm size that are slightly misoriented 
each other three-dimensionally with the average misorientation angle of 3.3o in all directions, 
keeping overall epitaxies along both in-plane and out-of-plane directions. To visualize the spatial 
distributions of orientations and rotation angles more clearly, two maps were reconstructed as the 
3D histograms as exhibited in Figure 2.34. For the orientation map, tilt angles indicating deviation 
angles from the reference domain were used for clarification. 
2.8.3    Principles of orientation and rotation angle mappings 
A schematic in Figure 2.35a represents the way the orientation mapping was implemented. 
We measure how much each crystal is tilted (ψ) from an ideal [11̅0]-oriented crystal. Dark blue 
and light blue rectangular boxes indicate a reference (or ideal) crystal and a SEND-measured local 
crystal respectively. The reference one is defined to be perfectly orthogonal to the [11̅0] 
orientation. In other words, diffraction pattern of the reference is supposed to be perfectly indexed 
to the [11̅0]-projected diffraction pattern of FCC single crystal123, which lies in a greenest point 
of the stereographic projection triangle in the left part of Figure 2.32d. We compare each local 
crystal’s diffraction pattern with the reference, and then decide if it is indexed to the ideal (11̅0) 
pattern. If the film is a high-quality epitaxy, most local crystals will be (11̅0) indexed. If the film 
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is polycrystalline, the local crystals will be indexed to diverse atomic planes such as (001) and 
(11̅1) as well as (11̅0). In our orientation mapping in Figure 2.32d, all areas, except for the pore 
regions, are green-colored, which tells us that the sample is highly epitaxial. Table 2.7 exhibits 
the quantitative analysis results. The average tilt angle is 3.3o. 
 
 
Figure 2.33 – Detailed look at twins formed around pores. HRTEM image and fast Fourier 
transform (FFT) patterns clearly show that mirror twins (□) comprised of two symmetric crystal 
regions (□ and □) are formed nearby the pore, especially for the boundary of colloids where two 
colloidal particles meet. This image is taken from a local region of the low-magnification TEM 
image below. Scale bars, 20 nm for the HRTEM image (top); and 500 nm for the low-




Figure 2.34 – 3D histograms reconstructed from the (a) orientation and the (b) rotation angle maps. 
Tilt angle in (a) implies how much the orientation of each domain is deviated from a reference one 
along plane normal direction. Histogram bars were colored so as to visualize the corresponding 
angles of domains more easily. 
Similarly, Figure 2.35b illustrates the way the rotation angle mapping was conducted. We 
measure how much each crystal is rotated (φ) from an ideal [111]-oriented crystal (or reference 
crystal). The direction of (111) spot in the [11̅0]-projected reference pattern is supposed to be 
perfectly orthogonal to the sample surface, so that the rotation angle is zero degree (see a scale bar 
of the right part of Figure 2.32d). We compare each local crystal’s diffraction pattern with the 
reference pattern to identify the rotation angle of each crystal. In the rotation angle map in Figure 
2.32d, most areas are comprised of main matrices with small rotation angles (reddish), and a few 
areas are made of twins with larger rotation angles (bluish). The rotation angle mapping also 
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supports that our sample is highly epitaxial with the average rotation angle of 3.3o, as shown in 
Table 2.7.  
 
 
Figure 2.35 – Construction principles of two maps by scanning electron nanobeam diffraction 
(SEND) technique. (a, b) Schematics illustrating what information orientation and rotation maps 
contain, respectively. (c) Illustrations for the sake of explaining the meaning and the usage of the 





Table 2.7 – Quantitative data of orientation and rotation angle maps. Average of both angles are 
3.3o, indicative of the 40 nm porous Fe3O4 film is high-quality epitaxy consisting of three-








1 N.A. N.A. Pore 
2 
Close to (11̅0) 
-3.0 






Tilt angle (o) Rotation angle (o) 
 
Matrix + Twin Matrix Twin 
Minimum 0.17 -9.0 68.3  
Maximum 15.3 13.9 87.4  
Average 3.3 3.3 77.6  
 
Figure 2.35c explains the meaning and the usage of the hexagons in the diffraction patterns 
in the middle part of Figure 2.32d. These hexagons are used for revealing the rotation angles of 
the local crystals. In a [11̅0]-projected diffraction pattern of the FCC single crystal123, we can 
connect two sets of six spots that surrounds (002) and (002̅) spots respectively, and then we obtain 
two identical hexagons rotated by 180o to each other. By doing so, the <111> direction of each 
pattern can be easily identified. For the matrices, we measure how much the [111] direction of the 
pattern of the crystal (reddish) is rotated from the [111] direction of the reference pattern ([111]R; 
grey colored in c). For the twins, we measure how much the [111̅] direction of the pattern of the 
crystal (bluish) is rotated from the [111]R. The reason we use different directions for the matrices 
and the twins, which are [111] and [111̅] respectively, is that the matrix frame is set to be the same 




2.9    Conclusions 
We have successfully fabricated three different classes of materials, Bi2Te3, PbS, and Fe3O4 
based on 3D meso/nanoarchitectures aiming at attaining low thermal conductivity and high 
electrical conductivity at the same time. Although Bi2Te3 is one of the best materials in terms of 
those two properties, fabrication of single crystalline 3D structure is very tricky due to its inherent 
crystallographic nature, van der Waal interactions along [111] directions. Instead, the conformal 
and polycrystalline 3D meso/nanostructures were synthesized via pulsed electrodeposition of 
precursors through colloidal crystal templates.  
In contrast, another candidate, PbS has a rock-salt cubic structure, so we fabricated 
epitaxial PbS dense film on GaAs single crystal wafer using CBD method and then grew colloidal 
crystals on the top of the film. However, lower electrical conductivity of PbS compared to those 
of metals such as Au and Cu which serve conductive electrodes for conventional electrodeposition, 
limited the nucleation during electrochemical deposition of PbS through colloidal templates.  
Ideal lattice mismatches among Fe3O4, Au, Ti, and sapphire substrate, enabled us to 
fabricate epitaxial Fe3O4 3D meso/nanostructures using colloidal crystal growth followed by 
electrodeposition. Keeping the single crystallin nature, we successfully reduced the pore sizes of 
3D structures down to 40 nm where the feature sizes are similar with the MPFs of diffusive thermal 
phonons induced by Umklapp phonon-phonon scatterings at room temperature. Thermal and 
electrical transport properties of single crystalline Fe3O4 3D structures are discussed in following 
chapters.  
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THERMAL TRANSPORT PROPERTIES OF EPITAXIAL Fe3O4 3D 
MESO/NANOSTRUCTURES 
 
3.1    Introduction 
Bi2Te3
1-4 and PbS5,6 have been considered promising thermoelectric candidates at low and 
high temperatures respectively due to their ideal thermal and electrical properties. Thermal and 
electrical conductivities of bulk Bi2Te3 are 1.4 W m
-1 K-1 and 105 S m-1 respectively1-4, and those 
of bulk PbS are 2.5 W m-1 K-1 and 3 x 104 S m-1 respectively5,6. However, both have critical 
drawbacks. Tellurium is costly, and lead is toxic. Besides, it is very challenging to grow those 
materials as epitaxies around complex 3D geometry of colloidal crystals using the electrochemical 
deposition as discussed above.  
In contrast, Fe3O4, which we successfully fabricated into epitaxial 3D meso/nanostructures, 
possesses diverse advantageous aspects including non-toxicity, abundant iron source, thermal 
stability, and easiness to synthesize7. The thermal conductivity of Fe3O4
8,9 is quite low, 6 ~ 7 W 
m-1 K-1, but still has enough room to decrease. Also, it has the moderately high electrical 
conductivity10-13, ~ 104 S m-1. The electrical properties of Fe3O4 is very distinct from other 
transition binary oxides such as ZnO, TiO2, CuO, CoO, and Fe2O3 which are known to demonstrate 
typical semi-conducting behaviors. In this chapter, we focus on studying the thermal transport of 
Fe3O4 epitaxial 3D meso/nanostructures. The electron transport will be discussed in Chapter 4. 
3.1.1    Crystal structure of Fe3O4 
Fe3O4, namely magnetite, is a ferrimagnetic n-type half-metallic material with an inverse 
spinel structure (space group Fd3m) with a lattice constant of 0.8397 nm14-16. The inverse spinel 
structure consists of a face centered cubic oxygen lattice, with Fe3+ ions filling 1/8 of the available 
tetrahedral sites (so called A sites) and equal amounts of Fe2+ and Fe3+ ions filling half of the 
available octahedral sites (called B sites) as depicted in Figure 3.117. This is denoted by 
Fe3+(Fe2+,Fe3+)O4. The ferrimagnetism is observed below Curie temperature of 860 K, where the 
Fermi level electrons are 100 % spin-polarized14,18.  
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3.1.2    Thermal conductivity of Fe3O4  
Slack et al. measured the thermal conductivity of single crystal Fe3O4 bulk as a function of 
temperature, as shown in Figure 3.28. As the temperature decreases from 120 K, the Verwey 
transition temperature10-13, the thermal conductivity increases up to maximum point mainly due to 
decrease in Umklapp scatting. Below the maximum point, it reduces with decreasing temperature 
as the phonon-boundary and phonon-defect scatterings becomes predominant at this regime. This 
behavior is typical for the most of diamagnetic crystals8.  
 
Figure 3.1 – The inverse spinel structure of Fe3O4, is composed of an FCC-packed oxygen lattice 
(green sphere), Fe3+ ions occupying 1/8 of the tetrahedral sites (red sphere), and equal amount of 
Fe3+ and Fe2+ ions occupying half of the octahedral sites (yellow sphere). Adapted from ref. 17.  
One interesting feature of the temperature dependence of Fe3O4 thermal conductivity is 
that the thermal conductivity hardly changes from 120 ~ 300 K. Above 120 K, the Fe2+ and Fe3+ 
ions in the octahedral become disordered19-22. The disordered states could be rearranged to the 
ordered ones by an acoustic phonon-induced ordering (or stress-induced ordering) process in 
Fe3O4
23. During this process, phonons would be absorbed to induce the ions to order and then be 
incoherently reradiated, i.e., scattered. The authors suggested that this might be a core origin of 
the abnormal thermal conductivity behavior at this temperature regimes8. Beyond 590 K, the 
Debye temperature, the phonon scatterings by this magnetic ordering processes may still take 
places, but their effects may be screened by the Umklapp scatterings. This well explains the 
gradual degradation of the thermal conductivity from the Debye temperature8.  
From the thermal conductivity behaviors of Fe3O4, we could deduce that the majorities of 
the heat are transported by phonons. The phonons would be scattered by the typical processes 
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found in the diamagnetic crystals including Umklapp, isotopes, vacancies, chemical impurities, 
and boundaries. One additional mechanism to be considered is the scattering from the magnetically 
disordered states of paramagnetic ions in the octahedral sites. This same model was found 
sufficient to explain the results for antiferromagnetic MnF2 and CoF2
24. 
 
Figure 3.2 – Thermal conductivity of single crystal Fe3O4 (R-57) vs. temperature. Dashed curves 
give theoretical limits for Fe3O4 imposed by boundary and Umklapp scattering. Tx, θ, and, Tc are 
the Verwey transition, Debye, and Curie temperatures, respectively. Adapted from ref. 8. 
3.1.3    Phonon dispersion curves of Fe3O4 
The phonon dispersion relations of Fe3O4 are especially important when it comes to 
elucidating the origin of the Verwey transition25-27. To obtain the phonon dispersion curves, 
Piekarz, et al. have carried out inelastic neutron scattering experiment27 as well as the ab-initio 
simulation25,26. Here, we briefly introduce the dispersion curves collected from neutron scattering 
experiment on single crystal Fe3O4 in 1974
27. The first Brillouin zone for an FCC lattice with a 
space group of Fd3m is depicted in Figure 3.327. This figure has been widely accepted as one of 
standards for the notation of points and directions in the reciprocal space. The Bouckaert-
Smoluchowski-Wigner (BSW) notation was used, in accordance with Warren’s paper28.  
Figure 3.4 represents the observed phonon dispersion relations in Fe3O4 below 28 meV at 
room temperature for three principal symmetry directions, [111] (𝛬), [100] (𝛥), and [110] (𝛴)27. 
The longitudinal modes and the transverse modes are represented by the square and the circle 
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symbols, respectively. The solid lines denote branches where the identification is certain, while 
the dotted and dashed ones are only tentative.  
 
Figure 3.3 – The first Brillouin zone for an FCC structure, with the labelling of points along three 
principal orientations. [111] (𝛬), [100] (𝛥), and [110] (𝛴). Adapted from ref. 27. 
  
 
Figure 3.4 – Phonon dispersion curves of Fe3O4 at room temperature obtained from inelastic 
neutron scattering experiment. Three principal directions are included. Square and circle symbols 
denote the longitudinal and transverse modes, respectively. Adapted from ref. 27. 
For the optical phonons, infrared active mode at 22 meV and Raman active modes at 18.5 
meV are marked with 𝛤25 and 𝛤25
′ , respectively. From the initial slopes of the acoustic branches, 
the longitudinal and transverse sound velocities along each crystal direction were estimated, which 
differed from the values given by the ultrasonic method. This discrepancy was ascribed to the fact 
that the neutron scattering and the ultrasonic methods give the dissimilar sound information. The 
sound waves in the former are zero sound (i.e. adiabatic) whereas those in the latter are first sound 
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(i.e. isothermal)29. The authors also revealed there could be some anharmonicities at room 
temperature because the data showed a slight deviation from the elastic relations of typical cubic.  
 
3.2    Experimental Methods 
3.2.1    3ω technique 
Sample preparation 
 
Figure 3.5 – Schematics of microfabrication process of making samples for 3ω measurement. Key 
idea is to locate ball-bonding contact pads outside the porous regime and to grow pinhole-free 
dense layer on the porous film to prevent the formation of defective SiO2 layer on top.  
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To measure the thermal conductivity of the sample, we used the 3ω technique based on the 
previous report30. The sample was fabricated by the micro-fabrication process combined with 
electrodeposition, as depicted in Figure 3.5. First, we deposited a 5 mm wide patterned 3 nm thick 
Ti layer followed by 100 nm thick Au layer on the Piranha-cleaned sapphire substrate by the 
electron beam evaporation. Using a plasma enhanced chemical vapor deposition (PECVD; 
Minilock - Orion, Trion), the 3.0 ~ 3.5 µm thick SiO2 walls were grown only on the sapphire areas. 
The SiO2 walls were necessary because the wire-bonding required a solid base. We grew the 
polystyrene (PS) colloidal crystals on the Au surface and then filled the voids with the Fe3O4 
through electrodeposition at -1.018 V vs. Ag/AgCl for 7 ~ 8 mins, resulting in 1.5 ~ 2.0 µm 
thickness typically. The extra polystyrene layers on top were detached by any kind of adhesive and 
the adhesive residue was thoroughly rinsed away by isopropyl alcohol.  
 
Figure 3.6 – Schematic of final porous sample structure for 3ω measurement. 
We masked the sample surface with a water-proof and alkaline-resistant Teflon adhesive 
(ASF-110FR, Chukoh) except for the 5 x 5 mm2 area. On this unmasked area, we grew the Fe3O4 
dense overlayer (OL) by electrodeposition at -1.090 V vs. Ag/AgCl for 3 mins, which ensured 
pinhole-free OL with the thickness of 1.2 ~ 1.5 µm, and then removed the Teflon adhesive to 
expose the Fe3O4/polystyrenes region without OL on top. The sample was left in THF at 40 ~ 45
oC 
for 2 ~ 5 days to remove the polystyrene particles. Having the Fe3O4/polystyrenes area without OL 
on top, we could facilitate the etch rate of the polystyrenes below the OL. We deposited 400 ~ 500 
nm thick PECVD SiO2 electrically-insulating layers on the OL and at the same time on the bare 
sapphire substrate for figuring out the thermal conductivity of the PECVD SiO2 layer. The Au (300 
nm)/Cr (10 nm) heaters were deposited on them through the mask containing a configuration of 
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60 µm x 2 mm heater line connected to four-probe pads. We finally packaged the samples to a chip 
holder through 25 µm thick Au wire-bonding (4524A Ball Bonder, K&S) and loaded it to the 
cryostat for measurement. For the dense film, we skipped colloidal crystals growth, overlayer 
deposition, and polystyrene etch steps. The schematic of final sample structure is represented in 
Figure 3.6. 
Measurement 
All measurements were performed in a temperature-controlled (Lake Shore) vacuum 
environment. The metal heater was calibrated every time by measuring the resistance of the metal 
line as a function of temperature over 300 ~ 400 K with increments of 20 K. At each stabilized 
temperature, we carried an AC current of ~ 250 nA to the metal line and measured the voltage drop 
using lock-in amplifiers (SR830, Stanford Research Systems). The temperature coefficient of 
resistance of the metal, dR/dT was obtained using a linear regression. 
The 3ω method is a frequency-domain measurement that utilizes a metallic heater to 
simultaneously generate Joule heating and detect the corresponding temperature rise30,31. Over the 
frequency (ω) range of 10 ~ 2000 Hz, we obtained a plot of temperature rise at 2ω (∆T2ω) vs. 
frequency by applying a sinusoidal current at 1ω to the sample and then detecting the voltages at 
1ω and 3ω (V1ω and V3ω, respectively) using a lock-in amplifier. The data were collected in the 
temperature range of 300 ~ 400 K with 20 K intervals. Any noise cancelling element such as 
nulling bridge circuit was not used32 because SR830 lock-in amplifier has a sufficient dynamic 
reserve (> 100 dB) and can detect the V3ω with a high signal-to-noise ratio
33. Since we used a 
voltage source of the lock-in amplifier instead of a current source to supply the sinusoidal current, 
we converted the measured V3ω to the true V3ω by considering the ballast resistance that includes 
the leads and the output impedance of the voltage source based on the previous reports33,34.  
The thermal conductivity of the layer of interest was extracted by fitting the experimental 
in-phase and out-of-phase signals with a thermal model which is a full solution of the multi-layered 
heat-diffusion equation35. As the input parameters for the analysis, we used the measured thermal 
conductivities for the PECVD SiO2 layer and the OL on the porous film. From a separate 3ω 
measurement on the SiO2/sapphire sample, we found that typical thermal conductivity of the 
PECVD-grown SiO2 was 1.35 ± 0.06 W m
-1 K-1. From a separate TDTR measurement on the 
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polished OL on the porous film, thermal conductivity was determined to be 2.0 ± 0.2 W m-1 K-1 
(see Figure 3.13). The sapphire thermal conductivity was obtained from a slope method36. 
 
Figure 3.7 – SEM images of the sample for 3ω measurement. (a) Top view image showing the 
metal heater on the center, and four contact pads outside the center where SiO2/Al2O3 solid ground 
exists (marked with cyan circle). Scale bar, 1 mm. (b) FIB cross-sectioned SEM images of porous 
samples and a sample having 40 nm PS inside. The images are taken from a rectangular region of 
(a). Scale bars, 500 nm for five main images; and 100 nm for an inset. 
All the heat capacities below indicate the volumetric heat capacities. The heat capacity of 
SiO2 was taken from the literature
37. In the case of the dense Fe3O4 film, the heat capacity value 
of the literature38 was multiplied by the measured density of Fe3O4 by RBS (95 ± 5 %). For the 
porous samples, we calculated the heat capacity using 𝐶𝐹𝑒3𝑂4𝜙𝐹𝑒3𝑂4 +  𝐶𝑣𝑎𝑐(1 − 𝜙𝐹𝑒3𝑂4), where 
𝐶𝐹𝑒3𝑂4, 𝐶𝑣𝑎𝑐 and 𝜙𝐹𝑒3𝑂4 denote the heat capacities of Fe3O4
38, vacuum and the density of Fe3O4 
determined by RBS respectively. For the 40 nm polystyrene included film, the heat capacity was 






After 3ω measurement, we characterized the width and length of the heater from plane-
view SEM image (Figure 3.7a). We cross-sectioned the sample using a FEI Helios 600i FIB/SEM 
and measured the thickness of each layer (Figure 3.7b). The measured thickness was divided by 
sin 52o to correct the 52o-tilted projection of the FIB/SEM cross-section image40,41. The uncertainty 
of thermal conductivity was calculated using the sensitivity calculation. 
3.2.2    Time-domain thermo-reflectance (TDTR) technique 
Sample preparation 
We polished the surfaces of the dense film and the PS included films at different diameters 
(500, 200, 100, and 40 nm) using an Ar-ion polisher (PECS II, Gatan). The ion-polisher had two 
ion guns 100o apart along the rotational axis of the sample. The ion beams at 8 kV were introduced 
to the sample surface with a 3o tilt angle. The low tilt angle helped to keep the sample milling at 
an even pace, even if there were materials with different milling rates.  
The bulk single crystal and the overlayer on the porous film were polished using a 
mechanical polisher (Multiprep, Allied) and the diamond lapping films (8” disc, Allied) consisting 
of precision graded diamond particles with the sizes of 6, 3, 1 and 0.1 µm respectively. For 6, 3 
and 1 µm cases, water was supplied, and for 0.1 µm case, the GreenLube (Allied) was used during 
the polishing. We polished the surfaces of the amorphized dense films using a Ga-ion source of 
the Helios 600i FIB/SEM.  
Measurement 
TDTR technique we used in the present study is well described elsewhere with more 
details42,43. Prior to the measurement, the polished surface of the sample was deposited with 70 nm 
thick NbV thin film or Al thin film as an optical transducer using magnetron sputter. We employed 
a mode-locked Ti:sapphire laser to produce periodic optical pulses with the wavelength of 785 ± 
10 nm. The laser beam was split into the pump and the probe beams through a polarizing beam 
splitter. The pump beam modulated at a frequency, f, by an electro-optic modulator heated the 
sample surface. The arrival of the probe beam was controlled to be delayed from 0 to 3600 ps by 
varying the length of the pump beam path with a delay stage. At each time delay, temperature-
induced change in the intensity of a reflected probe beam that was synchronous with the pump 
modulation was detected by a photodiode connected to a RF lock-in amplifier. In this study, we 
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performed the experiment at the modulation frequency either at 11.0 or 1.12 MHz depending on 
the thermal penetration depth of the material. Either a 20x or a 10x objective lens was used to 
focus the laser beams to 2.7 µm or 5.3 µm in 1/e2 radius, respectively. In the case of measuring 40 
nm PS included samples which necessitate the 20x objective lens owing to the limited size of an 
optically specular region, NbV layer was sputtered on samples as a transducer instead of Al layer 
because at such small beam size the lateral heat spreading in the Al layer introduced larger 
uncertainties.  
The measured data was compared with a thermal model that describes the heat diffusion in 
the multilayered system to extract the thermal conductivity of the layer of interest42. The thermal 
conductivity of the transducer film was determined by measuring the electrical conductivity of the 
transducer on 300 nm thick SiO2 layer on Si (100) wafer with four-point probes and then 
converting it to the thermal conductivity using the Wiedemann - Franz law. 
We used the literature volumetric heat capacities of NbV44 and Al45. To determine those of 
the dense film and PS included films, we employed the same heat capacity values and the same 
equations as the ones we used in the 3ω method above. The thickness of the transducer was 
determined by picking up a picosecond acoustic peak created by the acoustic impedance mismatch 
between two dissimilar layers and then converting it to the distance using the speed of sound in 
the transducer. A Fe3O4 layer below the transducer was designed to be much thicker than the 
thermal penetration depth at modulation frequency so that the thickness of the Fe3O4 layer has 
negligible effects on the measured signal. 
3.2.3    Picosecond acoustics   
Sample preparation 
We determined the longitudinal sound velocities of epitaxial dense film and 40 nm 
polystyrenes included film using TDTR technique which required a smooth surface. Since thin 
sample with 50 ~ 100 nm in thickness is better to be measured, we polished using Ga-ion beams 
of Helios 600i FIB/SEM, which enabled us to keep monitoring thickness in real-time through high-
resolution SEM. The procedure is shown in Figure 3.8. We cleaved the sample and then loaded it 
into FIB chamber such that the cross-sectioned area could face toward the electron beams. The 
sample was tilted by 52o to have the target surface to be in parallel with the ion beams. We 
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deposited a Pt protective layer on the cross-sectioned area. The ion beams with high currents of ~ 
2 nA at 30 kV were irradiated on the sample surface in parallel to polish very roughly. Once the 
thickness of target layer reached 100 ~ 200 nm, we fine-polished the surface with low currents of 
300 ~ 400 pA at 30 kV until the target thickness was attained.  
 
Figure 3.8 – FIB-mediated local polishing process on 40 nm PS included Fe3O4 sample. (a) Align 
the surface we want to polish in parallel with Ga ion-beam direction. Initial thickness is ~ 500 nm. 
(b) Deposit Pt layer onto cleaved region to protect the region during ion-beam milling process. (c) 
Rough-polish the surface at high ion-beam currents, ~ 2 nA. (d) Fine-polish at low currents, 300 ~ 
400 pA until reaching the target thickness of ~ 70 nm. Scale bars, 3 µm for the electron-beam 








Ahead of the measurement, the sample was coated with a thicker NbV thin film (~ 110 nm) 
than before to augment the periodicity of the acoustic signals from the NbV/Fe3O4 interface. The 
same TDTR technique as above was employed, but we focused more on the in-phase signal here. 
We linear-scanned the data over the time delay of 0 ~ 140 ps to observe the acoustic peaks arising 
from the acoustic impedance mismatches at the interfaces. 
In the Vin vs. time delay curves, the travel time (𝑡𝐹𝑒3𝑂4) required for the acoustic waves to 
make a round trip in the Fe3O4 layer was obtained from the time gap between two different kinds 
of acoustic peaks, one from the NbV/Fe3O4 interface and the other from the Fe3O4/Au interface. 
The thickness (ℎ) of the layer was determined from observing the cross-sectioned sample with 
FIB/SEM or SEM. The speed of sound in the Fe3O4 layer could be therefore calculated by 
2ℎ/𝑡𝐹𝑒3𝑂4 . The longitudinal effective elastic constant of the layer, 𝐶𝑒𝑓𝑓
𝐿 , was calculated by 
𝜌𝜐𝐿,[111]
2, where 𝜌 is the mass density of the layer. 
3.2.4    Heavy-ion irradiations  
(by Dr. Hattar at Sandia National Laboratory) 
20 MeV Au4+ ion irradiations were completed on 1 µm thick Fe3O4 epitaxial dense films 
with 6 MV HVE (High Voltage Engineering Europa) Tandem Accelerator. The irradiations were 
done at nominal room temperature at ion fluences over 1011 ~ 1.64 x 1017 ions cm-2 at an average 
ion flux over 2.47 x 1011 ~ 2.47 x 1012 ions cm-2 s-1. The irradiated samples were characterized by 
SEM, XRD, and Raman spectroscopy. We polished the surface of sample with FIB-polishing 
technique described above and then measured the thermal conductivity using TDTR technique. 
  
3.3    Amorphous Minimum Thermal Conductivity 
3.3.1    Cahill-Pohl model 
We calculated the amorphous minimum thermal conductivity of Fe3O4 material using 
Cahill-Pohl model46. They predicted that thermal conductivity of a material reached amorphous 






























where 𝑘𝐵, 𝜐𝑖, 𝜃𝑖 and 𝑛 denote the Boltzmann constant, the speed of sound for each polarization 
(two transverse and one longitudinal), the cutoff frequency for each polarization and the number 
density of atoms, respectively. The parameters used for calculating the minimum thermal 
conductivity of Fe3O4 are listed in the Table 3.1. At 300 K, the calculated thermal conductivity of 
amorphous Fe3O4 is 1.29 W m
-1 K-1 as shown in Figure 3.9. It asymptotically approaches 1.63 W 
m-1 K-1 at high temperatures.  
Table 3.1 – Fe3O4 parameters used for Cahill-Pohl model calculation. 
N, number of atoms in unit cell (atoms) 56 
𝛺0, unit cell volume (m
3) 0.592 x 10-27 
𝑛 , number density of atoms (# m-3) 0.946 x 1029 
𝜐𝐿,𝑠, longitudinal sound velocity (m s
-1)47 7214 
𝜐𝑇,𝑠, transverse sound velocity (m s
-1)47 3496 
 
Figure 3.9 – Calculated plot of minimum thermal conductivity of Fe3O4 against temperature.  
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3.3.2    Differential-effective-medium (DEM) theory 
Using the Fe3O4 minimum thermal conductivity calculated above, we predict that of porous 






where 𝛬𝑚𝑖𝑛,𝑝𝑜𝑟𝑜𝑢𝑠 , 𝛬𝐶𝑎ℎ𝑖𝑙𝑙−𝑃𝑜ℎ𝑙 and 𝜙𝐹𝑒3𝑂4 denote the minimum thermal conductivity limit of 
porous Fe3O4 film, the minimum thermal conductivity limit of dense Fe3O4 material calculated by 
Cahill-Pohl mode and the density (dimensionless fraction) of Fe3O4 in the porous film. DEM 
theory has proven to show good estimation in material systems when two phases have the large 
contrast in the properties48. 
The DEM theory is also used for calculating the diffusive limit of thermal conductivity of 
porous film. The diffusive limit is a minimal boundary of thermal conductivity where phonon 
transport inside a porous medium can be still described by classical continuum theories49. To be 
above this limit, feature size of the surface boundary in porous structure should be larger than or 
comparable to the diffusive MFP of Umklapp phonons. When the feature size goes below the MFP, 
the quasi-ballistic or ballistic transport of phonon particles takes place, where the sub-continuum 
approach needs to be considered50. As our porous materials are mesostructured or nanostructured, 
it is meaningful to figure out where each porous film lies in. We calculate this limit using DEM 






where 𝛬𝑑𝑖𝑓𝑓,𝑝𝑜𝑟𝑜𝑢𝑠 and 𝛬𝑑𝑒𝑛𝑠𝑒 indicate the diffusive thermal conductivity limit of porous film and 
the measured thermal conductivity value of the Fe3O4 dense film. 
 
3.4    Thermal Conductivity Measurement by 3ω Technique 
3.4.1    Data acquisition and analysis 
In the 3ω method30, a sinusoidal current at a modulation frequency ω through a metallic 
heater induces an oscillatory temperature rise, 𝛥𝑇2𝜔 at the harmonic frequency 2ω. The linear 
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relationship between the temperature and resistance of a metallic heater causes resistance 
fluctuations at frequency 2ω. This results in a voltage drop, 𝑉3𝜔, across the heater oscillating at 











where 𝑉1𝜔, 𝑅0, and 
𝑑𝑅
𝑑𝑇
 denote the 1ω voltage across the heater, the average resistance of the heater, 
and the temperature coefficient of the heater resistance (TCR; 𝛼𝑚). The 𝛼𝑚 is deduced by linear 
fitting of a plot of the resistance versus the temperature (Figure 3.10a).  
 
Figure 3.10 – (a) Calibration plot of heater resistance vs. temperature over 300 ~ 400 K. Dashed 





Figure 3.10 (cont.) – Typical plots of 𝛥𝑇/𝑃 vs. frequency over 10 ~ 2000 Hz. In-phase and out-
of-phase data are represented with blue and red open circles respectively and the corresponding 
fitted curves are with blue and red solid lines respectively. Drastic drops of 𝛥𝑇/𝑃  at high 
frequencies in right two plots would come from the combination effect of large thermal resistance 
of porous (or PS-included) layer with large volumetric heat capacity of dense overlayer. 
As shown in Figure 3.10b, the thermal conductivity of the sample is extracted by fitting 













𝛾𝑗 = 𝛬𝑗√𝑚2 − 𝑖
𝜔
𝐷𝑗




where 𝑃, 𝑙 and 2𝑏 denote the Joule heating power, heater length and heater width, respectively. 
The parameters 𝛬𝑗, 𝐷𝑗  and 𝐶𝑗 indicate the thermal conductivity, thermal diffusivity and volumetric 
heat capacity of layer 𝑗, respectively; 𝑚 is the variable of integration; and 𝐵+(𝑚), 𝐵−(𝑚), 𝐴+(𝑚) 
and 𝐴−(𝑚) are dimensionless parameters determined by a recursive matrix method51,52.  We use 
an effective heater width, 𝑏′ = 𝑏 + 0.38ℎ𝑡, where ℎ𝑡 is total film thickness, to consider the lateral 
heat flow in an isotropic thin film31. Note that the heater width (60 um) is chosen to be much larger 
than the sample thickness, typically 2 ~ 4 µm so that heat flow can be one-dimensional53. 
3.4.2    Uncertainty calculation 
In the 3ω technique, one source of the uncertainty is the input parameter, 𝛼, of the thermal 
model that we use for the data analysis. The uncertainty also comes from the inaccuracy of the 
calibration measurement, where the 𝛼𝑚 usually has ~ 5 % relative error in our 3ω measurement
34. 
The sensitivity is a quantitative measure of how sensitive the temperature rise, ∆𝑇, is to a small 
amount of change in an error source such as 𝛼  in the thermal model, or such as 𝛼𝑚  in the 












where 𝛼 indicates the input parameters such 𝛬𝑗, 𝐶𝑗, 𝑙, 𝑏 and the thickness of layer 𝑗, ℎ𝑗 . Figure 
3.11 displays the 𝑆𝛼  to various input parameters of each sample. Note that 𝑆𝛼𝑚 is equal to 1. 
Assuming all the error sources mentioned above are random and independent, the uncertainty of 
























Figure 3.11 – Sensitivity plots for 3ω measurement on epitaxial Fe3O4 films at 300 K. In all porous 
samples, thermal conductivity and thickness of porous layer have the largest sensitivities, resulting 
in high accuracy of the measurement. Volumetric heat capacities have negligible sensitivities. 
The sensitivity plot of the dense film represents that not only the sensitivity to 𝛬𝑑𝑒𝑛𝑠𝑒 but 
also those to 𝛬sapphire , 𝛬𝑆𝑖𝑂2  and ℎ𝑆𝑖𝑂2 are pretty large, which means that it is essential to 
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accurately determine 𝛬sapphire, 𝛬𝑆𝑖𝑂2 and ℎ𝑆𝑖𝑂2 . To do so, we separately measured the thermal 
conductivity of PECVD SiO2 layer (1.35 ± 0.06 W m
-1 K-1) directly grown on the sapphire 
substrate before we measured the main samples. We determined the sapphire thermal conductivity 
using the slope method36. Thickness was measured using FIB-cut SEM image. 
In the case of porous films, we observe that sensitivities to 𝛬𝑝𝑜𝑟𝑜𝑢𝑠 and ℎ𝑝𝑜𝑟𝑜𝑢𝑠 increase 
significantly with decreasing pore size. Those to 𝛬𝑠apphire, 𝛬𝑆𝑖𝑂2 and ℎ𝑆𝑖𝑂2 are negligible. Instead, 
we need to consider the sensitivities to 𝛬𝑜𝑣𝑒𝑟𝑙𝑎𝑦𝑒𝑟 and ℎ𝑜𝑣𝑒𝑟𝑙𝑎𝑦𝑒𝑟, especially for samples with large 
pore diameters. Therefore, the thermal conductivity of the overlayer was determined to be 2.0 ± 
0.2 W m-1 K-1 by separate TDTR measurement (see Figure 3.13). Same as the dense film case, 
thickness of porous layer and overlayer were accurately measured by FIB-sectioned SEM images. 
Again, it is of importance to consider 52o-tilted projection of FIB image in order not to 
underestimate the thickness. Table 3.2 summarizes the measured thermal conductivities of the 
Fe3O4 films by 3ω technique at 300 K.  
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3.4.3    Overlayer characterization 
High-quality overlayer is essential for successful 3ω measurement. It needs to be pinhole 
free and thick enough so that complete passivation can be achieved by electrically insulating SiO2 
layer on top. Figure 3.12a shows top view SEM images, one (left) with pinholes and the other 
(right) without pinholes. We found that the overlayer started to be pinhole free when it became 
thicker than ~ 1 µm. The thickness we usually used was ~ 1.5 µm which could be enabled by 
potentiostatic electrodeposition at -1.090 V vs. Ag/AgCl for 3 min in the same electrolyte.  
Figure 3.12b exhibits a 2θ/ω scan result on the sample consisting of dense Fe3O4 overlayer 
grown on porous Fe3O4 layer. We clearly see that the overlayer is also the Fe3O4 phase aligned 
along the [111] out-of-plane orientation without including any secondary phases or any crystallites 
grown along other orientations. The Fe3O4 (311) pole-figure in Figure 3.12c indicates the 
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overlayer has a lot of mirror twins, comprised of six domains apart by 60o azimuthally, aligned 
along [511] orientation15. The amounts of twins are much larger than those in the normal dense 
film because the overlayer was electrodeposited by applying larger electric potential (-1.090 V vs. 
Ag/AgCl) than normal dense film (-1.018 V vs. Ag/AgCl). This led the overlayer to grow much 
faster and hence have columnar morphology instead of triangular one.  
 
Figure 3.12 – Characterization of dense Fe3O4 overlayer. (a) Top view SEM images of the 
overlayers with pinholes (left) and without pinholes (right). Over thickness of ~ 1 µm, the 
overlayer becomes completely pinhole-free. Scale bars, 10 µm. (b) 2θ/ω scan on the film consisting 
of Fe3O4 dense overlayer grown on the Fe3O4 porous layer. (c) Fe3O4 (311) pole-figure acquired 
from the same sample.  
Thermal conductivity of the overlayer was evaluated by TDTR technique. Figure 3.13a 
shows the cross-sectional SEM images of Fe3O4 sample containing 200 nm colloidal crystals 
inside, of which the top surface is smoothened by mechanical polishing processes. At a modulation 





value by fitting the data with a thermal model (Figure 3.13b). Error was evaluated from the 
sensitivity calculation as depicted in Figure 3.13c. The obtained thermal conductivity was 2.0 ± 
0.2 W m-1 K-1. More details on the TDTR data processing are well described in the following 
chapter. 
 
Figure 3.13 – TDTR measurement at a frequency of 11.0 MHz on dense Fe3O4 overlayer grown 
on 200 nm PS included Fe3O4 film. (a) Cross-section SEM image of the mechanically polished 
Fe3O4 dense overlayer with the Al transducer on top. To prevent the structure collapse, we polished 
the sample including polystyrene beads inside. Scale bar, 500 nm. (b) Plot of Vr vs. time delay 
collected and fitted curve. (c) Sensitivity plots of the sample. 
 
3.5    Thermal Conductivity Measurement by TDTR Technique 
3.5.1    Data acquisition and analysis 
We polished all kinds of Fe3O4 samples using an Ar-ion polisher. As shown in Figures 





measured with TDTR technique. Figures 3.14b and 3.15b exhibit that the measured data are well-
fitted with the unidirectional heat diffusion model explained in a previous report42. In multiple 
references, more details on the experimental setup, data collection and analysis are well 
described42,43,57. 
 
Figure 3.14 – TDTR measurements on 40 nm PS included epitaxial Fe3O4 film. (a) Top view 
optical microscope (OM, left) and SEM (middle and right) images of Ar-ion polished sample 
surface. In OM image, we see that the surface could be smoothened over 150 x 150 µm2. SEM 
images indicate that smooth Fe3O4/PS areas, technically measurable with TDTR, are usually 7 ~ 8 
µm in diameter. Scale bars, 50 µm for the left panel; 10 µm for the middle panel; and 1 µm for the 
right panel. (b) Plots of Vr vs. time delay acquired at 11.0 and 1.12 MHz respectively. Measured 
data are displayed with black open symbols and fitted curves are with red solid lines. (c) Sensitivity 






3.5.2    Uncertainty calculation 
We estimated the uncertainty of the measured thermal conductivity of our sample based on 
the sensitivity analysis describe elsewhere31. Similar with 3ω method above, the sensitivity of 
detected TDTR signal to an input parameter of the thermal model, 𝑆𝛼, is defined as 








𝛼 denotes the input variables such as the thermal conductivity of layer 𝑗 (𝛬𝑗), the volumetric heat 
capacity of layer 𝑗 (𝐶𝑗), the thickness of layer 𝑗 (ℎ𝑗), the interfacial thermal conductance between 
transducer and Fe3O4 film (𝐺𝑖𝑛𝑡) and 1/e
2 radius of the laser beam (𝑤0).  
In addition, the absolute value of the phase, 𝜙, of the reference channel of the lock-in 
amplifier is another source of uncertainty in TDTR measurement31. This needs to be adjusted 
properly so that the out-of-phase signal can remain constant across zero time delay. Otherwise, the 
temperature rise in the transducer will not only be included in the in-phase signal but also in the 
out-of-phase signal, resulting in deterring the accuracy of the measurement. The sensitivity of 














where 𝛿𝑉𝑜𝑢𝑡 and 𝛥𝑉𝑖𝑛 are the uncertainty of the out-of-phase signal and the jump in the in-phase 
signal at zero time delay, respectively. Again, under the assumption that all uncertainty sources 
described above are random and independent, the uncertainty of the thermal conductivity of the 























Figures 3.14c and 3.15c below exhibit the sensitivity plots that we employed to estimate the 
uncertainty of the thermal conductivity of the samples measured by TDTR technique.  
 
Figure 3.15 – TDTR measurement on epitaxial Fe3O4 dense film. (a) SEM images of dense film 
surface being smoother as ion-milling proceeds. We obtained smooth surface measurable with 
TDTR (the rightmost image) using an Ar-ion polisher at 8 kV for 8 min. Scale bars, 3 µm for the 
left three panels; and 5 µm for a right panel. (b) Plot of Vr versus time delay collected at 11.0 MHz 
and the fitted curve. (c) Sensitivity plots calculated at 11.0 MHz.  
3.5.3    Thermal penetration depth 
The thermal penetration depth informs us how far the generated heat pulse in the metal 
transducer can travel through the sample below for a given time length scale, 1/𝑓, where 𝑓 is a 






modulation frequency when measuring the thermal conductivity of a material system with TDTR. 






where 𝐷𝑗  is the thermal diffusivity of film 𝑗; 𝐷𝑗 = Λ𝑗/𝐶𝑗. The temperature at 𝑑𝑝 is equal to 1/e of 
the surface temperature. 
For the epitaxial Fe3O4 sample containing 40 nm polystyrene beads, the thermal diffusivity 
is calculated to be ~ 10-7 m2 s-1 based on the thermal conductivity and the volumetric heat capacity 
used above. At a modulation frequency of 11.0 MHz, the thermal penetration depth is ~ 50 nm, 
which means that our measurement at this frequency probes the thermal conductivity of the first 
one or two Fe3O4/polystyrene layers at most. To gain the thermal conductivity that reflects the 
collective phonon scatterings generated by the 3D nanoarchitecture of our sample, we changed the 
modulation frequency down to 1.12 MHz, where the thermal penetration depth is about 160 nm. 
According to the cross-section SEM image, this length scale corresponds to 5 ~ 6 layers of the 
Fe3O4/polystyrene, which would include sufficient number of 3D distributed surface boundaries 
in nanoscale that are able to induce the multiple and the back scatterings of phonons. For the 
samples containing PS beads with the diameters of 100, 200, and 500 nm, the thermal penetration 
depths are about 230 (3 ~ 4 layers), 300 (1 ~ 2 layers), and 380 nm (< 1 layer) respectively.  
 
3.6    Picosecond Acoustics Measurement by TDTR Technique 
3.6.1    Principle 
Using the TDTR technique, we pick up the picosecond acoustic signals from our sample. 
At the early stage of the measurement, the laser beam hitting on the sample surface generates the 
acoustic waves, which then travel through the sample. Once they meet any barrier such as the 
interface between two dissimilar materials with different acoustic impedances, they are reflected 
and come back to the sample surface again, generating the upward or downward peaks in the in-
phase signal. The acoustic impedance, Z, is defined as the product of the mass density and 
longitudinal speed of sound of a material. The magnitude of the peak depends on the difference in 
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the Z between two materials and the direction of the peak depends on whether the Z increases or 
decreases when the acoustic waves cross the interface along the forward direction. For example, 
in a sample with AB structure where the laser beam hits the A, the upward peak is created if the Z 
of B is larger than that of A, and vice versa. 
3.6.2    Sound velocity and elastic constant 
From this measurement, we can deduce two important properties of our epitaxial Fe3O4 
films: the longitudinal speed of sound and the longitudinal effective elastic constant. To do so, as 
demonstrated in Figure 3.8, we polished the local region of sample, approximately 8 ~ 9 µm in 
diameter, to be thinner and smoother using Ga-ion FIB, and then deposited ~ 110 nm thick NbV 
film on the surface using magnetron sputtering. This region was exposed to pump-probe beams 
(Figure 3.16a) to obtain pico-second acoustic signals. Figures 3.16b and 3.17a represent the 
picosecond acoustic data of the PS 40 nm included film and the dense Fe3O4 film, respectively.  
The time difference between the 1st upward peak and the 1st downward one corresponds 
to the round-trip travel time of the acoustic waves, 𝑡𝐹𝑒3𝑂4, in the Fe3O4 layer. The thickness of the 
Fe3O4 layer, ℎ, is determined by cross-section SEM images of the sample (Figures 3.16c and 






Using the sound velocity, we determine the longitudinal effective elastic constant of the Fe3O4 
layer, 𝐶𝑒𝑓𝑓




where 𝜌  is the mass density of Fe3O4 layer, obtained by the RBS measurement. Table 3.3 
summarizes the experimental results of a dense and a 40 nm PS included epitaxial films. Table 





Figure 3.16 – Picosecond acoustic measurement on PS 40 nm included Fe3O4 film. (a) CCD 
camera image of pump and probe beams illuminating a Ga-ion polished area. Scale bar, 10 µm. 
(b) Picosecond acoustic plot of Vin versus time delay of 30 ~ 130 ps. Upward (▼) and downward 
peaks (▲) are caused by acoustic impedance mismatches at the interfaces between NbV and 
Fe3O4/PS layers and between Fe3O4/PS and Au layers, respectively. The time difference between 
the 1st upward and the 1st downward peaks, 19 ps, corresponds to the time required for acoustic 
waves to make a round trip inside the Fe3O4/PS layer. (c) Cross-section SEM image of the FIB-
cut area that we exactly measured. The thickness of Fe3O4/PS layer is 65 ± 3 nm. Scale bars, 100 






Figure 3.17 – Picosecond acoustic measurement on dense Fe3O4 film. (a) Picosecond acoustic plot 
of the Vin vs time delay of 30 ~ 130 ps. Upward (▼) and downward peaks (▲) are induced by the 
acoustic impedance mismatches at the interfaces between the NbV and the Fe3O4 layers and 
between the Fe3O4 and the Au layers, respectively. (b) Cross-section SEM images of FIB-cut area 
(top) and mechanically-cleaved area (bottom) that we exactly measured. Both images indicate that 
the thickness of Fe3O4 layer is 103 ± 6 nm. Scale bars, 100 nm for both images. 
 
Table 3.3 – Sound velocities and elastic constants of two samples. 











40 nm PS + 
Fe3O4  
65 ± 3 19.0 2.77 ± 0.30 6.85 ± 0.31 130 ± 20 
Dense Fe3O4 103 ± 6 29.0 4.91 ± 0.26 7.12 ± 0.40 250 ± 20 
 










* Converted value by dividing thickness in FIB image by sin 52o to correct the tilted projection 
† From picosecond acoustic measurement  
‡ From RBS measurement for the Fe3O4 density and from vendor (Thermofisher Scientific, USA) 
for the polystyrene density 
 
Table 3.4 – Summary of acoustic impedances of materials in this study. Z denotes acoustic 






(Pa s m-1) 
NbV 7.40 5.40 40 
Fe3O4 dense film 4.91 ± 0.26 7.12 ± 0.40 35 ± 3 
Fe3O4 (44.5%) + 
40 nm PS (55.5%) 
2.77 ± 0.30 6.85 ± 0.31 19 ± 2 
Polystyrene 1.06 1.77 2 
Au 19.3 3.24 63 
Ti 4.50 6.10 27 
Sapphire 3.98 9.80 39 
 
3.6.3    Discussions 
In Figure 3.17a, the time difference between an upward (▼) peak and a downward peak 
(▲), 29 ps, corresponds to the time required for the acoustic waves to make a round trip inside the 
whole Fe3O4 dense layer that consists of the main and the seed parts. We got to know the presence 
of Fe3O4 seed layer formed at the very bottom of the film from observing a small upward peak 
(▼) appearing ahead of the downward peak (▲). After simple mathematical calculations, we 
identified that the seed layer had thickness of 18 nm and the density of 4.76 g cm-3, which is 2.9 
% smaller than the main layer (4.91 g cm-3). 
The longitudinal sound velocity of the dense Fe3O4 epitaxial film, 7.12 ± 0.40 nm ps
-1, is 
in good agreement with those of the Fe3O4 (111) single crystals, 7.05 ~ 7.21 nm ps
-1, reported in 
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the literatures47,60,61. More importantly, the 40 nm PS included Fe3O4 film also shows the similar 
value, 6.85 ± 0.31 nm ps-1, to the single crystal values within the error boundary, only 3.8 % 
reduction of the dense film value. This small decrease implies that both the mass density and the 
effective elastic constant decreased by approximately the same amount in our periodic structure 
with isotropic medium. 
In a cubic (111) single crystal, the effective elastic constant along the longitudinal direction 
of acoustic waves, 𝐶𝑒𝑓𝑓
𝐿 , was derived in the form of a linear combination of three independent 





(𝐶11 + 4 𝐶44 + 2𝐶12) 
where 𝐶11, 𝐶44 and 𝐶12 are the elastic constants of the material. For the natural Fe3O4 (111) single 
crystal, Reichmann and co-worker have experimentally obtained47: 𝐶11 = 260.5 GPa, 𝐶44 = 63.3 
GPa and 𝐶12 = 148.3 GPa, which gives 𝐶𝑒𝑓𝑓
𝐿  = 270.1 GPa. This value well matches with the 𝐶𝑒𝑓𝑓
𝐿  
of our dense epitaxial film, 250 ± 20 GPa. According to the DEM theory to the elastic constants48, 
the elastic constant of 40 nm PS included Fe3O4 film is supposed to be 51 ± 11 GPa, calculated by 
using 3.3 GPa and 55.5 % for the elastic modulus and density of polystyrene. In our experiment, 
the 𝐶𝑒𝑓𝑓
𝐿  was estimated to be 130 ± 20 GPa, which is ~ 2.5 times larger than the value predicted by 
the DEM theory.  
 
3.7    Heavy Ion Irradiations on Fe3O4 Dense Films 
3.7.1    Amorphization 
There have been some reports on the heavy ion irradiations on Fe3O4 bulks and thin films 
to study the effects of the irradiations on the magnetic properties62-65. Owing to the low fluences 
ranging from 1011 ~ 1013 ions cm-2, none of them could obtain the fully amorphized phase. Only 
partial amorphization, discontinuous latent tracks, or spherical extended defects were observed64,65. 




Based on the Stopping and Range of Ions in Matters (SRIM) simulations of irradiation 
damage cascades66,67, and the Fe3O4 dense sample parameters such as the mass density and the 
geometric dimension, we used 20 MeV Au4+ as a heavy ion source and irradiated samples at 
different levels of fluences in the range of 1011 ~ 1.64 x 1017 ions cm-2, as summarized in Table 
3.5. From the XRD measurements, we found that the low fluence levels of 1011 ~ 1014 ions cm-2, 
had few effects on the macroscopic crystallinity of dense film. Starting from 1015 ions cm-2, 
decrease of XRD peaks was discernably observed.  
Table 3.5 – Experimental parameters of irradiations performed on dense films. Charge state of an 






(1011 ions cm-2 s-1) 
Fluence 





35 0.221 2.47 0.00001 0.00004 0.000142 
35 0.221 2.47 0.0001 0.0004 0.00142 
40 0.221 2.83 0.001 0.0035 0.0142 
55 0.221 3.89 0.01 0.0257 0.142 
70 0.221 4.95 0.1 0.202 1.42 
80 0.221 5.66 1.5 2.65 21.2 
300 0.190 24.7 16.4 6.65 20 
 
Figure 3.18a represents the top view SEM images of an unirradiated sample and the 
irradiated ones at three different fluences, 1 x 1015, 1.50 x 1016, and 1.64 x 1017 ions cm-2, 
respectively. As the ion dose increases, the film gets to lose the distinctive triangular textures. 
Instead, the morphology becomes more irregular and agglomerated, indicative of the destruction 
of local periodicity and the evolution of disordered regions. Figure 3.18b shows that crystalline 
nature completely faded away beyond 1015 ions cm-2, consistent with the morphology changes in 
the SEM images. Similar trend is also observed in the Raman spectra of Figure 3.18c. The sample 
damaged at 1015 ions cm-2 still reveals three major peaks with weak intensities. The other two 
samples differ from each other. The sample irradiated at 1.50 x 1016 ions cm-2 still has a peak 
corresponding to A1g mode whereas the other irradiated at 1.64 x 10
17 ions cm-2 does not have any. 
Combining two results (Raman and XRD), we deduced the former still possessed a small degree 




Figure 3.18 – Characterizations on irradiated dense films at different ion fluences. (a) Top view 
SEM images. Scale bars, 5 µm for the main images; and 2 µm for the insets. (b) 2θ/ω scans. (c) 
Confocal Raman spectra.  
3.7.2    Thermal conductivity of amorphized samples 
Local regions, typically ~ 13 µm in diameter, of these two samples were ion-polished with 
FIB and then thermal conductivities of which were measured by TDTR technique (Figure 3.19). 
The measured thermal conductivities are summarized with the XRD and Raman results in Table 
3.6. It is evident that the thermal conductivities of two irradiated samples are more than three times 
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smaller than that of unirradiated one, implying that phonon transport was significantly deterred 
due to the macroscopic evolution of amorphized regions by the high-dose ion damages. More 
importantly, the one irradiated at the highest dose, 1.64 x 1017 ions cm-2, shows the measured 
thermal conductivity of 1.29 ± 0.11 W m-1 K-1, which is the same as the one predicted by Cahill-
Pohl model46, 1.29 W m-1 K-1. This is consistent with XRD and Raman data which proved complete 
amorphization of Fe3O4 film by irradiation damage cascades
67. 
 
Figure 3.19 – TDTR measurement on dense film irradiated at 1.64 x 1017 ions cm-2. (a) SEM 
image of a local area polished by Ga-ion milling. Scale bar, 5 µm. (b) Plot of Vr vs. time delay at 





Table 3.6 – Summary of thermal conductivities, XRD, and Raman results of unirradiated and 
irradiated dense films. The theoretical amorphous minimum thermal conductivity calculated by 
Cahill-Pohl model is also included for the comparison.  
Materials Λ (W m-1 K-1) XRD & Raman 
Unirradiated 
5.0 ± 0.9 (3ω) Almost same as bulk single crystal, except 
for number of domains 4.3 ± 0.4 
Irradiated  
(1.50 x 1016 ions cm-2) 
1.36 ± 0.12 
No XRD peaks 
Very weak Raman peaks 
Irradiated  
(1.64 x 1017 ions cm-2) 
1.29 ± 0.11 
No XRD peaks 
No Raman peaks 
Cahill-Pohl model 1.29 (calculated) N.A. 
 
3.8    Discussions on Thermal Conductivity Results 
3.8.1    Comparison between 3ω and TDTR results 
We compare the thermal conductivities of epitaxial dense film and 40 nm PS included 
Fe3O4 film measured by TDTR method with those by 3ω method, as summarized in Table 3.7.  
Table 3.7 – Comparison of thermal conductivities measured by 3ω and TDTR. 
 
Thermal conductivity (W m-1 K-1) 
3ω TDTR @ 11.0 MHz TDTR @ 1.12 MHz 
Dense 5.0 ± 0.9 4.3 ± 0.4 N.A. 
40 nm PS + Fe3O4 0.21 ± 0.02 0.18 ± 0.02 0.20 ± 0.03 
 
We first notice that the thermal conductivity of the 40 nm PS included Fe3O4 film measured 
by TDTR at a frequency of 1.12 MHz is in excellent agreement with that measured by 3ω 
technique. This indicates that even in 5 ~ 6 layers of porous media we can expect the same phonon 
scattering effects as we observe in the 3ω sample with larger number (> 10) of porous layers. From 
this, we suspect that our hypothesis that 5 ~ 6 layers would have enough number of surface 
boundaries for the phonons to undergo 3D multiple and back scatterings, is quite reasonable. Also, 
by cross-checking the data acquired from two independent techniques, we could ensure the 
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reliabilities of both data. Another noticeable thing is that the thermal conductivity measured by 
TDTR at 11.0 MHz is ~ 10 % smaller than those by 3ω method and TDTR technique at 1.12 MHz 
frequency. This behavior would be explained by the frequency dependent thermal conductivity 
which was previously handled in the semiconductor alloys58. They revealed that phonons with 
MFPs larger than the thermal penetration depth do not contribute to the thermal conductivity 
measured in the experiments.  
We also see that the thermal conductivities of the dense film obtained by TDTR and 3ω 
measurements slightly differ from each other within the error boundaries. This is due to that the 
sensitivity of 𝛥𝑇2𝜔  to the 𝛬𝐹e3𝑂4  is not high enough in the 3ω measurement because of the 
presence of the SiO2 layer whose thermal conductivity is 3 ~ 4 times smaller than that of dense 
Fe3O4 material. Note that we used the sample consisting of 150 nm thick SiO2 layer on 2 µm thick 
dense Fe3O4 film for 3ω measurement to increase the accuracy as high as possible.  
3.8.2    Single crystal vs. epitaxial dense film 
Through the overall process consisting of mechanical polishing, TDTR measurement, and 
error analysis (Figure 3.20), we obtained the thermal conductivity of bulk Fe3O4 (111) single 
crystal, 5.9 ± 0.6 W m-1 K-1, in accordance with a previously reported value, 5.8 W m-1 K-1 in 
19759. Slack et al8 reported the Czochralski-grown Fe3O4 single crystal showed 6.9 W m
-1 K-1, 
which is 1.2 times larger than our data. We suspect this dissimilarity would originate from the 
difference in crystal quality between samples.  
One thing to note here is the difference in the thermal conductivity between the single 
crystal, 5.9 ± 0.6 W m-1 K-1, and the epitaxial dense film, 4.3 ± 0.4 W m-1 K-1. As revealed in the 
Fe3O4 (311) pole-figures of both samples, the natural single crystal consists of single domain 
whereas the synthesized dense film is comprised of two domains that are antiparallel to each other. 
The boundaries between the domains are technically defects that can scatter the phonons. Thus, 
although it is hard to describe in a quantitative manner, we suspect the more domains and their 
interfacial boundaries would be one feasible reason for the smaller thermal conductivity of the 






Figure 3.20 – TDTR measurement on natural Fe3O4 (111) single crystal. (a) A photograph of a 
single crystal mechanically polished along [111] direction. (b) Plot of Vr vs. time delay acquired 
at 11.0 MHz and fitted curve. (c) Sensitivity plots calculated at 11.0 MHz. 
3.8.3    Pore diameter dependence of thermal conductivity 
Using the measured densities by RBS, we calculated two kinds of thermal conductivity 
boundaries for the porous samples. First is the amorphous minimum limit (○ in Figure 3.21a) of 
the dense and porous films with different pore diameters. To estimate the value of the dense Fe3O4 
material, we employed Cahill-Pohl model that predicted that thermal conductivity of a material 
reached the amorphous limit when the phonon MFP approaches inter-atomic spacing46. The 
calculated value was 1.29 W m-1 K-1 at room temperature and further utilized for obtaining the 
amorphous limit of the porous Fe3O4 films by combining with DEM theory
48. Second is the 
diffusive limit (∆ in Figure 3.21a) of the porous films at the corresponding porosities. Above this 
limit, phonon transport inside the porous medium can be still explained by the classical continuum 
approaches that consider only the diffusive motions of phonons49,68. We used the DEM theory and 
measured thermal conductivity of the dense Fe3O4 film to obtain this limit of porous films.  
Figure 3.21b summarizes the thermal conductivities of all kinds of Fe3O4 samples 
investigated in this study. This plot encompasses four distinctive features to be discussed. First, 
the thermal conductivity of the epitaxial dense film (4.3 ± 0.4 W m-1 K-1) was smaller than that of 
the single crystal (5.9 ± 0.6 W m-1 K-1) by a factor of 1.4. This seems to originate from the fact 
that the dense film contains two domains and hence more defects whereas the bulk single crystal 





Figure 3.21 – Measured densities and thermal conductivities of epitaxial 3D porous structures. (a) 
Fe3O4 density determined by RBS measurement (□; left axis), diffusive limit (∆; right axis) and 
amorphous limit (○; right axis) predicted by DEM approximation, against pore diameter. (b) 
Measured thermal conductivities of the porous films (blue circle), the PS included films (black 
symbols), the single crystal, the epitaxial dense film and the amorphized dense film. Cahill-Pohl 
denotes the amorphous minimum thermal conductivity calculated by Cahill-Pohl model (1.29 W 
m-1 K-1). At pore diameter of 100 nm, the thermal conductivity falls in the range of the amorphous 
limit. Going further down to 40 nm, we observe the ultralow thermal conductivity of ~ 0.1 W m-1 
K-1, far below the amorphous limit. 
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Second, the porous films containing pores with the diameters of 200, 100 and 40 nm had 
lower thermal conductivities than their corresponding diffusive limits, with the gaps getting larger 
with decreasing pore size. At this regime, we would expect the quasi-ballistic or ballistic phonon 
transport to be predominant, which was similarly observed in the metallic inverse opals69. This 
conclusion is also supported by Figure 3.22 where the thermal conductivity becomes less 
dependent on the temperature as the pore diameter decreases. Third, the calculated thermal 
conductivity of the dense Fe3O4 material using Cahill-Pohl model perfectly matched with the 
measured one of the amorphized dense film enabled by heavy ion irradiation experiment. This 
good match ensures the accuracy and reliability of the amorphous limits of porous media we 
deduced.  
Finally, we observed the 40 nm porous film showed unexpectedly low thermal conductivity 
of ~ 0.1 W m-1 K-1. This value is similar with or smaller than thermal conductivities of some typical 
polymers70-72. More importantly, it is far below the theoretical minimum thermal conductivity that 
amorphous porous material with the Fe3O4 density of 44.5 ± 4.5 % should have. It is significant 
considering that the porous film is comprised of the single crystals, not the randomly oriented nor 
the amorphous phases, and that the porosity is only ~ 56 %. To make sure that the measured value 
was true, we measured the thermal conductivity of the samples containing 40 nm polystyrenes 
inside using both 3ω and TDTR techniques. As can be seen in inset of Figure 3.21b, all 
measurements gave similar thermal conductivities of ~ 0.2 W m-1 K-1, which could be the upper 
bound for the 40 nm porous film. Through this result, we are convinced of the ultra-low thermal 
conductivity of the 40 nm porous epitaxial film.  
3.8.4    Temperature dependence of thermal conductivity 
In Figure 3.22, as the temperature increases from 300 to 400 K, the thermal conductivities 
of the dense film and 500 nm porous film decrease about 17 ~ 18 % because in these samples the 
scattering of the diffusive phonons, whose mean free paths are highly dependent on temperature, 
predominates over other phonon scatterings such as surface boundary scattering. For the 200 nm 
porous film, the thermal conductivity becomes less dependent on the temperature, which means 
that surface boundary scattering of phonons starts to dominate over the diffusive scattering and 
hence quasi-ballistic phonon transport is likely to appear. Below this pore diameter, 100 and 40 
nm, we barely observe any change in the thermal conductivity upon temperature, indicating that 
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boundary phonon scattering is highly predominant. In the 40 nm polystyrene-included Fe3O4 film, 
there is no change in the thermal conductivity over the temperature of 300 ~ 360 K, but a sudden 
decrease is observed around 380 K, probably due to glass transition of the polystyrene73. 
 
Figure 3.22 – Temperature dependence of thermal conductivity of the epitaxial Fe3O4 dense film, 
porous Fe3O4 films having different pore diameters, and 40 nm PS included Fe3O4 film. 
 
3.9    Conclusions 
 We measured the thermal conductivities of Fe3O4 epitaxial 3D meso/nansotructures with 
different pore sizes from 500, 200, 100 to 40 nm using two independent methods, 3ω and TDTR 
techniques. The most intriguing observation is the ultra-low thermal conductivity of 40 nm porous 
films, ~ 0.1 W m-1 K-1. This is far below the theoretical minimum limit of a porous Fe3O4 material 
having the same density as our 40 nm sample, 44.5 ± 4.5 %. This is a surprising result because our 
sample is epitaxial, as verified by multiple characterizations in Chapter 2. We are not sure of the 
exact reason of this behavior, but we suspect two possible scenarios that could significantly deter 
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the propagation of phonon waves. In a porous medium made from the inversion of an FCC-based 
colloidal templates, the feature size of the structure could be estimated to be 1/4 of the pore 
diameter. SEM images also support that the characteristic length scale of the feature of 40 nm 
porous Fe3O4 film is ~ 10 nm, where wave behaviors of phonons could appear. From this point of 
view, the ultra-low thermal conductivity of the 40 nm porous sample might be attributed to i) the 
modification of the dispersion relationship (or group velocity) or ii) the localization of optical 
phonons. However, it seems not easy at this moment to quantitatively elucidate the origin of this 
anomaly. 
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ELECTRICAL TRANSPORT PROPERTIES OF EPITAXIAL Fe3O4 3D 
MESO/NANOSTRUCTURES 
 
4.1    Introduction 
4.1.1    Motivation 
In Chapter 2, we emphasized the importance of the development of a material 
demonstrating thermally insulating and electrically conducting properties simultaneously for 
diverse applications such as thermoelectrics and power electronics. It is also a very intriguing 
subject from the scientific perspectives because breaking of the coupling between the thermal 
conductivity and the electrical conductivity in one material is hard to achieve owing to their strong 
interdependencies1. In this regard, we proposed the single crystalline 3D nanostructures where the 
feature size go below the sub-100 nm, which is comparable with the Umklapp scattering limited 
phonon MFP of typical semiconductor (e.g. Si)2, as a novel approach to tackle this issue.  
We have successfully fabricated the epitaxial Fe3O4 3D nanostructures with the pores 40 
nm in diameter. The 40 nm porous epitaxial sample exhibited the ultra-low thermal conductivity 
of ~ 0.1 W m-1 K-1 at room temperature, comparable to some polymer materials3,4. This result is 
worthy of notice when we the consider the two unique aspects of this porous material. First, it is 
single crystalline with small degrees of mosaic spread. Second, the matrix is comprised of the 
Fe3O4 whose bulk electrical property is half-metallic
5-10. These features spontaneously led us to 
investigate the electrical conductivities of the epitaxial Fe3O4 nanoporous structure.  
In this chapter, we will discuss the cross-plane electrical conductivity results of the 
epitaxial dense and the epitaxial PS included films. The electrical conductivity was determined by 
measuring the cross-plane electrical resistances of three identical samples with different thickness 
using a 4-point probe technique11-13. Those of the dense film and the PS included films were 
explained by magnetic properties and the optical constants, respectively. The ‘true’ effective 
medium approximation derived from the electrical conductivity results was applied to explain two 
types of lower bounds of the thermal conductivities of the porous films.  
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4.1.2    Electron transport mechanism 
The Fe3O4 is a mixed-valence ferrimagnetic material with the inverse spinel structure. The 
unit cell is composed of 32 close-packed FCC O2- lattices in which 8 Fe3+ are distributed over the 
tetrahedral sites (A) and the remaining 8 Fe3+ and 8 Fe2+ are distributed over the octahedral sites 
(B)8,9. Considering this distribution, the Fe3O4 can be denoted as the [Fe
3+]A[Fe
2+, Fe3+]BO4. The 
electrical conductivity of the Fe3O4 in the range of 10
3 ~ 2 × 104 S m−1, which is much higher than 
the conductivities of the normal spinel-type materials such as Co3O4 and Mn3O4 (~10
-5 S m-1), is 
closely related to the crystal structure of the Fe3O4
9. The rapid electron exchange through the 
electron hopping between Fe3+ and Fe2+ located at the octahedral sites, has been accepted as a main 
origin of the high electrical conductivity of the Fe3O4 at room temperature
5,14. 
4.1.3    Verwey transition 
When the temperature drops below 120 K, the Fe3O4 exhibits a metal-to-insulator 
transition, which was first discovered by Verwey in 193915. The transition temperature is called 
the Verwey transition temperature, Tv. Figure 4.1 represents that below the Verwey transition 
temperature, the electrical conductivity of the Fe3O4 abruptly decreases by two orders of 
magnitude16. To explain this, Verwey proposed an ionic model where he attributed this drastic 
change in the electrical conductivity to a charge order-disorder transition in the octahedral 
sites10,15,17,18.  
 
Figure 4.1 – Typical temperature dependence of the electrical conductivity of the Fe3O4 single 
crystal, clearly showing the drastic change in the electrical conductivity around the Verwey 
transition temperature. Adapted from 16. 
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According to the model, above TV, Fe
3+ and Fe2+ are dynamically randomized in the lattice, 
so that the electron can rapidly hop between Fe2+ and Fe3+ ions. Below TV, however, the Fe
2+ and 
Fe3+ ions form a long-range spatial ordering arrays. This periodic order localizes the electron, 
deterring the motion of the electron. Although this ionic model has been widely used to understand 
the various macroscopic behaviors such as electrical conductivity, heat capacity, magnetic 
response, and thermal conductivity to date8,9,16,19, it still remains controversial in the field8,9.  
4.1.4    Electronic thermal conductivity 
Despite some discrepancies among literature values, the electrical conductivity of the bulk 
Fe3O4 single crystal at room temperature is 2 x 10
4 S m-1 in typical10,16,20. Using the Wiedemann – 
Franz law1,  
𝛬𝑒𝑙 = 𝜎𝐿𝑇 
where 𝛬𝑒𝑙, 𝜎, and 𝐿 are the electronic thermal conductivity, the electrical conductivity, and the 
Lorenz constant (2.44 x 10-8 W Ω K-2), respectively, the electronic thermal conductivity of the 
bulk Fe3O4 single crystal, 𝛬𝑒𝑙,𝐹𝑒3𝑂4, can be computed as 
𝛬𝑒𝑙,𝐹𝑒3𝑂4 ≈ 0.146 𝑊 𝑚
−1 𝐾−1 . 
If we adopt 6.9 W m-1 K-1 as a thermal conductivity of the bulk single crystal, measured by 







which indicates that 98 % of the heat are carried by the phonons in the Fe3O4 single crystal. 
 
4.2    Experimental Methods 
4.2.1    Cross-plane electrical conductivity measurement 
Sample preparation 
 We deposited a 120 µm wide patterned 10 nm thick Ti layer followed by 500 nm thick Au 
layer on the Piranha-cleaned Al2O3 (0001) wafer using the electron beam evaporation. Employing 
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the same recipes described in Chapters 2 and 3, we fabricated the colloidal crystals on the Au 
surface followed by infilled the pores with the Fe3O4 through the electrochemical deposition. Three 
identical samples with three different thicknesses were fabricated by controlling the 
electrodeposition durations. The extra colloidal crystals on top were removed by the adhesives. 
Note that prior to the electrodeposition, the bare Au area where the colloidal crystals were not 
grown, needed to be masked by an alkaline-resistant Teflon adhesive (ASF-110FR, Chukoh), so 
that we could later use this bare Au region as the tip contact points for the electrical conductivity 
measurement. For the fabrication of dense samples, the Piranha-cleaned Au/Ti/sapphire substrates 
were directly used for the electrodeposition and all the colloid-related processes were skipped. 
 
Figure 4.2 – Schematic illustration of the overall fabrication processes for measuring the cross-
plane electrical conductivity of a Fe3O4 film by 4-point probe method.  
Under an optical microscope with long working distance, we aligned a brass hard mask 
having the 100 x 100 µm2 square patterns on top of Fe3O4 layers. The location of the square pattern 
was delicately adjusted so that the distance with the bottom Au layer can be as small as possible 
to minimize the error. Through these patterns, we deposited a 30 nm thick Cr layer followed by a 
500 nm thick Au layer using the ebeam evaporation. Two probe tips were located on the top Au 
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electrode and the other two were on the bottom Au electrode for the through-plane electrical 
measurement via 4-point probe method. The overall processes are depicted in Figure 4.2. 
Data acquisition 
The cross-plane electrical conductivity was measured by a 4-point probe technique 
combined with the differential thickness method11-13 at room temperature. We used a customized 
benchtop probe station connected with a semiconductor parameter analyzer (4155c, Agilent). 
Through an optical microscope, the four tungsten probe tips, 5.0 µm in diameter (SE-T, Signatone) 
were located on the samples in such a way that two tips had contacts with the top Au layer and the 
other two tips contacted with the bottom Au layer. Note that the distance between the top tips and 
the bottom tips was always kept constant during the whole measurements in order to minimize the 
variations in the sheet resistance of the bottom Au layer. The current-voltage characteristics were 
obtained by sweeping the current over -100 ~ 100 µA multiple times per each sample. Figure 4.3 
exhibits the overall measurement setup (a) and the magnified actual image showing the 
configuration of four tips and a sample during measurement (b). 
 
Figure 4.3 – Experimental setup used to measure the cross-plane electrical conductivity of our 
samples. (a) Photograph exhibiting the four probes tips located on the sample. (b) Magnified 
photograph of (a). We can clearly see that two tips are on the top electrode and the other two tips 
are on the bottom electrode.  
Spreading resistance 
Since the areas of the top and the bottom Au electrodes in our samples differ from each 
other, the spreading resistance needs to be considered. The spreading resistance has been a main 
issue for those working on the electrical measurement on the semiconductor devices21-23. Cox and 
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Strack23 first proposed an analytical solution that considered the electric spreading effects 
occurring in a sample sandwiched between two asymmetric electrodes, as shown in Figure 4.422,23. 
According to them, the total resistance, 𝑅𝑇, can be written as 




where 𝑅𝑆, 𝜌𝑐, 𝑑, and 𝑅0 denote the spreading resistance (Ω), the specific contact resistivity (Ω m
2) 
between the top electrode and the sample, the top electrode diameter, and the contact resistance 









where 𝜌 and ℎ denote the sample resistivity (Ω m) and the sample thickness, respectively. They 
proved that when the diameter of the electrode becomes much larger than the thickness of the 






which is the same form as the case when the areas of both electrodes are identical (or symmetric)21. 
Cox and Strack experimentally proved that this approximation is valid when the 𝑑/ℎ becomes 
larger than 10, as demonstrated in Figure 4.523. In our samples, the ratio between the width (𝐴1/2; 
instead of diameter) of the top square Au electrode and the thickness of the Fe3O4 layer (ℎ) is 
typically in the range of 15 ~ 100, where the above approximation is valid. Therefore, we used the 









Figure 4.4 – The sample structures having the asymmetric electrodes for the electrical 
conductivity measurement. (a) Top-view image of the sample measured by Cox and Strack. Four 
circular electrodes with different diameters were used for extracting the contact resistivity. 
Adapted from ref. 25. (b) Schematic of the sample geometry that shows the large bottom electrode 
and the circular small top electrode. Adapted from ref. 24. 
 
 
Figure 4.5 – Above the d/t (ratio of electrode diameter to layer thickness) of 10, the spreading 
resistance effect becomes negligible. Adapted from ref. 25. 
Data analysis 
The thickness of each sample was determined by observing the cross-section exposed by 




thickness was divided by sin 52o to correct the 52o-tilted projection of the FIB/SEM cross-section 
image24,25. The area of the top Au electrode was 104 µm2 with a 5 % error, in typical.  
Three measured resistances (𝑅) were plotted against the geometry factor composed of the 
film thickness (ℎ) divided by the top electrode area (𝐴). The electrical resistivity of the Fe3O4 layer 
was extracted from the slope of a linear regression of the plot. The y-intercept of the regression 
comprises the sheet resistance of the bottom Au layer and the overall contact resistance of the 
interfaces between the Fe3O4 layer and the Au electrodes. 
Figure 4.6 is a collection of the acquired data to measure the electrical conductivity of the 
dense epitaxial Fe3O4 film: (a) plane-view SEM image showing that the Fe3O4 layer is sandwiched 
between two Au electrodes, (b) voltage vs. current characteristics of three samples with different 
thickness, (c) FIB-cut cross-section SEM images of those three samples, and (d) linear regression 
of a plot of R vs. h/A. Figures 4.7 ~ 4.10 correspond to those of the PS included samples at the 
diameters of 500, 200, 100, and 40 nm, respectively.  
 
Figure 4.6 – Data collection used to extract the through-plane electrical conductivity of epitaxial 
Fe3O4 dense film via 4-point probe technique in combination with differential thickness method. 
(a) Plane-view SEM image, (b) I-V characteristics, (c) FIB-cross-sectioned SEM images with the 




Figure 4.7 – Data collection used to extract the through-plane electrical conductivity of 500 nm 
PS included film via 4-point probe technique in combination with differential thickness method. 
 
 
Figure 4.8 – Data collection used to extract the through-plane electrical conductivity of 200 nm 




Figure 4.9 – Data collection used to extract the through-plane electrical conductivity of 100 nm 
PS included film via 4-point probe technique in combination with differential thickness method. 
 
 
Figure 4.10 – Data collection used to extract the through-plane electrical conductivity of 40 nm 
PS included film via 4-point probe technique in combination with differential thickness method. 
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4.2.2    Optical constant measurement 
FT-IR 
Over the wavelengths of Near-IR ~ Mid-IR, the reflectance spectrum from the sample was 
measured using Vertex-70 FT-IR and a Bruker Hyperion microscope. A globar source, KBr beam-
splitter, and 15x cassegrain objective (N.A. 0.4) were used to irradiate an unpolarized light on a 
spot size of 70 um in diameter, and its reflectance was measured using a liquid nitrogen cooled 
HgCdTe detector. The bare Au/Ti/sapphire substrate where Fe3O4 layers were grown was directly 
used as the reference. To collect the refractive indices over the wider range of wavelength, multiple 
samples with various thickness for each case were fabricated and measured. The thickness of the 
Fe3O4 layer was characterized by the SEM image. 
Figure 4.11 presents the reflectance spectra as a function of the wavelength of (a) dense 
films with various thickness and (b) PS included samples with the different diameter of PS beads. 
Using the spacing between adjacent maxima (or minima) of the oscillations in the reflectance 
spectrum, which resulted from the thin-film interference26,27, refractive index information of Fe3O4 




𝑛∆𝐿 = 2𝜋𝑚 
where 𝜆𝑚 is the wavelength, 𝑛 is the refractive index of the Fe3O4 film, and ∆𝐿 is the difference 
in path length traveled by waves that reflect at the air/film interface and film/substrate interface, 
respectively. Using the difference between the 𝑚 and 𝑚 + 1 orders and rearranging, the following 











Here, 𝑛  is considered to be constant over the region between two oscillations. From the 
relationship among the path length difference, the film geometry, and the angles of the rays in 









where ℎ and 𝜃𝑖𝑛𝑐 are the film thickness and the angle of incident light, respectively. Therefore, the 













We solved this transcendental equation through a numerical method using the MATLAB code. 
 
Figure 4.11 – Oscillating reflectance spectra collected over the wavelength of NIR ~ MIR on the 
(a) dense films and (b) PS included films at the diameters of 500, 200, 100, and 40 nm, 
respectively. The number in (a) denote the thickness of a dense film. Those outside and inside the 
parenthesis in (b) indicate the diameter of PS beads and the thickness of the corresponding Fe3O4 
layer, respectively. 
Ellipsometry 
The refractive indices of the Fe3O4 dense film and the porous film including the pores with 
40 nm in diameter were measured using a variable angle spectroscopic ellipsometer (VASE, J.A. 
Woollam Co. Inc.) over the spectral range of 1.0 ~ 1.2 µm. We measured at three different angles 
of ψ = 45, 60, and 75o and performed a global fitting to extract the refractive index of a layer. 
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4.2.3    Magnetic property measurement 
 The magnetic properties of samples were measured in a superconducting quantum 
interference device (SQUID) magnetometer (MPMS3, Quantum Design Inc.) in the vibrating 
sample magnetometry mode. The measurement was carried out with the sample in low vacuum of 
about 20 Torr under He atmosphere. We acquired the magnetization against external magnetic 
field over -2 ~ 2 T at the temperatures of 4, 90, 150, 200, 250, and 300 K. Under the magnetic field 
of 150 mT, the magnetization against the temperature over 4 ~ 300 K were collected.  
 
4.3    Electrical conductivity of Dense Film 
Figure 4.12 exhibits a plot of the measured electrical conductivity of our samples as a 
function of pore diameter. The electrical conductivity of the dense epitaxial Fe3O4 film is (5.22 ± 
0.17) x 103 Ω-1 m-1 and those of the PS included films are (1.17 ± 0.10) x 103 Ω-1 m-1 for 500 nm 
case, (1.14 ± 0.08) x 103 Ω-1 m-1 for 200 nm, (1.10 ± 0.09) x 103 Ω-1 m-1 for 100 nm, and (1.12 ± 
0.04) x 103 Ω-1 m-1 for 40 nm, respectively.  
 
Figure 4.12 – Measured electrical conductivities of the Fe3O4 epitaxial dense film and the PS 
included films at different PS bead diameters of 500, 200, 100, and 40 nm, respectively.  
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Typically, a bulk Fe3O4 single crystal is known to have the electrical conductivity of 2 x 
104 Ω-1 m-1 at room temperature8,9,16,18,20. The electrical conductivity of the epitaxial Fe3O4 dense 
film in this work is 3.8 times smaller than that of the bulk single crystal. This might be first related 
to the difference in the crystallinity between two. As mentioned in Chapter 2, our dense film is 
comprised of dual domains oriented along [111] direction that are antiparallel to each other, so 
called rotational twins. Also, the dense film has 2.5 times larger FWHM of the rocking curves than 
the bulk single crystal. These collectively indicate that the epitaxial dense film contains more 
domain boundaries than the single crystal consisting only of single domain. The adverse effects of 
the degraded crystallinity induced by domain boundaries on the electron transport properties of 
Fe3O4 epitaxial films are widely investigated
28-32. 
Along with this effect, the non-stoichiometry, δ, of the Fe3O4 film could be another possible 
origin of the degraded electrical conductivity of our dense film. It has been widely investigated 
that the ratio between the amounts of Fe2+ and Fe3+ ions, which is closely related with the oxidation 
state, could change the electron transport properties of the Fe3O4 dramatically
9,15,17,33-35. The 
balance between the Fe3+ and the Fe2+ ions in the octahedral sites is essential to facilitate the 
electron exchange and hence to enable electron hopping conduction between these two 
ions6,9,10,16,18.  
For a non-stoichiometric Fe3O4, the structure is generally expressed as Fe3–δO4, where δ 
can vary from zero (stoichiometric Fe3O4) to 1/3 (completely oxidized). The non-stoichiometry 








where [𝐹𝑒2+] and [𝐹𝑒3+] are the number concentrations of Fe2+ and Fe3+ ions in the Fe3O4 lattice, 
respectively. The ratio of the concentrations between two species is tightly coupled to the non-
stoichiometry of a Fe3O4.  
In this context, we performed the magnetic measurements on the dense and the 100 nm 
porous films to gain qualitative insights into the oxidation states of our system. Figures 4.13a and 
b represent that the saturation magnetization of both films is 78 emu/g (383000 A m-1), which is 




Figure 4.13 – Magnetic properties of the epitaxial Fe3O4 dense film and the 100 nm porous film. 
(a, b) Magnetization curves acquired by applying the magnetic field ranging over -2 to 2 T at five 
different temperatures on the dense and 100 nm porous films, respectively. Insets are the magnified 
views of the center regions over the magnetic field of -0.1 ~ 0.1 T. (c) Magnetization curves of 
both films collected by sweeping the temperature over 4 ~ 300 K under 150 mT. Tv denotes the 
Verwey transition temperature. Inset is the magnified view. 
The effects of the non-stoichiometry of the Fe3O4 on its magnetic properties have been 
studied40-43. Especially, Ozdemir and Dunlop42 have reported that the saturation magnetization was 
very sensitive to the oxidation state of a Fe3O4 material. They revealed that as the oxidation state 
increased, the saturation magnetization degraded. Based on their result, we can conclude that the 
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stoichiometry of our films is not perfect but a little bit off. This argument is also fortified by the 
characteristic of the magnetization curves measured over the temperature range of 4 to 300 K under 
the applied magnetic field of 150 mT as shown in Figure 4.13c. In the inset of Figure 4.13c, both 
films demonstrate the monotonous decrease in the magnetization with increasing temperature 
without showing any sudden drop at the Verwey transition temperature (~ 120 K). It is well known 
that the non-stoichiometric nature of a Fe3O4 phase usually deters the Verwey transition 
characteristic or shifts the transition temperature itself9,15,17. 
When we grow the epitaxial Fe3O4 film by the electrodeposition, we apply a cathodic 
potential with very small magnitude (-1.018 V vs. Ag/AgCl) to the working electrode, where the 
charge-transfer kinetics dominates the diffusion kinetics44-46 and therefore very small current 
flows. This is essential to improve the crystalline quality of the films. However, the insufficient 
amounts of Fe3+ precursors in the electrolyte are reduced to Fe2+ ions incorporated into the Fe3O4 
lattice during the film growth, resulting in the non-stoichiometry. Indeed, the Fe3O4 dense film 
grown at this potential regime has been previously identified to be the Fe2+-deficit phase by 
Mossbauer spectroscopy44.  
For both dense and 100 nm porous films, the magnetization decreases with increasing 
temperature from 4 to 300 K, a typical characteristic of ferrimagnetic materials. Also, both films 
show the hysteresis loops, a signature of the spontaneous magnetization. As well exhibited in the 
insets of Figures 4.13a and b, the hysteresis of the porous film is wider and smoother than that of 
the dense film. The 3D nature of the porous film seemed to lead to an enhanced coercivity, 
probably due to domain wall pinning and internal stress47,48.  
  
4.4    Electrical conductivities of PS included films 
Another interesting feature observed in Figure 4.12 is that the electrical conductivity is 
independent on the size of the PS beads inside. In all cases, the electrical conductivity falls within 
the range of 22 % of that of the dense film. Since the electron mean free path is much smaller than 
the feature size of the PS included film with the smallest PS beads (40 nm in diameter), the 
electrical conductivity result can be handled with an effective medium approximation regardless 
of the PS bead size. If we incorporate the electrical conductivity ratio between the dense film and 
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a PS included film, 22 %, into the differential effective medium (DEM) theory49, which was 
introduced in Chapter 3, the volume density of Fe3O4 in the PS included film is calculated to be 
36.4 %. This value is deviated from those obtained by the RBS and XRF measurements in Chapter 
2. Assuming that the densities experimentally measured by two independent techniques, we could 
deduce that the DEM approximation needs to be slightly modified depending on the diameter of 
the PS beads inside the samples. Two factors should be considered: the degree of isotropy and the 
degree of percolation. We know that as the PS beads get smaller, a PS included sample has less 
isotropic (or more disordered) structure and higher degree of percolation. All the values and 
arguments described above should be the same for the porous Fe3O4 films because the electrical 
conductivity of air is also nearly zero.  
The electrical conductivity results are supplemented by the optical constants measured on 
the dense and the PS included films using FT-IR and ellipsometer. Figure 4.14a represents the 
refractive indices of the Fe3O4 samples over the wavelength of 1 ~ 13 μm extracted from the 
oscillating FT-IR reflectance spectra in Figure 4.11. The index of refraction of the dense film is 
about 90 % of that of the bulk single crystal reported elsewhere50. As the wavelengths of the IR 
waves are larger or much larger than the diameters of the PS beads inside, similar to the electrical 
conductivity case, we can also apply an effective medium approximation to analyze the optical 
constant data51,52. The equation of the DEM theory here is more complex than the electrical 
conductivity case because the refractive indices of the PS and air are not zero whereas the electrical 
conductivities of them are almost zero. Therefore, the density of the Fe3O4, 𝜙𝐹𝑒3𝑂4 , in the PS 










where 𝑛𝑃𝑆−𝑖𝑛𝑐𝑙, 𝑛𝑃𝑆, and 𝑛𝐹𝑒3𝑂4 are the refractive indices of a PS-included film, the polystyrene 
bead (~ 1.57)53, and the epitaxial dense Fe3O4 film, respectively. As evidently shown in Figure 
4.14a, the refractive indices of PS included films are perfectly fitted with the DEM curve 
calculated based on the Fe3O4 density of 37 % regardless of the PS particle diameter, in good 
agreement with the electrical conductivity result (36.4 %). This result is also supported by the 
refractive indices of a 40 nm porous film measured by an ellipsometer in the range of 1 ~ 1.2 μm, 




Figure 4.14 – Refractive indices of the Fe3O4 films measured with (a) FT-IR and (b) ellipsometer. 
They follow the same effective medium approximation as the electrical conductivities do. 
 
Figure 4.15 – Revised plot of thermal conductivity as a function of pore diameter using the ‘true’ 
effective medium approximation to predict the lower limits of the thermal conductivity for the 
porous epitaxial Fe3O4 film and the porous amorphous film, respectively.  
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Therefore, the electrical conductivity ratio of the dense film to a PS included film, 22 %, 
is the ‘true’ effective medium approximation that can describe various properties of our PS 
included Fe3O4 films best. This effective medium approximation can be directly utilized to predict 
the thermal conductivity limit of a porous medium consisting either of the epitaxial or the 
amorphous Fe3O4 phase because the thermal conductivity of air is almost zero, in analogous to the 
case where the electrical conductivity of the PS bead is negligible. Figure 4.15 is the modified 
version of Figure 3.21b by replacing the DEM theory with the true EM approximation for 
estimating the lower bounds of the thermal conductivity for the epitaxial and the amorphous porous 
films, respectively. 
 
4.5    Decoupled Phonon and Electron Transports 
Figure 4.16 represents the ratio of the electrical conductivity to the thermal conductivity 
of the porous Fe3O4 films as a function of pore diameter. Since the electrical conductivity is 
independent on the pore size of the porous Fe3O4 film whereas the thermal conductivity is highly 
dependent on the pore size, the ratio between two properties becomes larger as the pore diameter 
gets smaller. This implies that the phonon and the electron transports can be effectively decoupled 
on smaller length scales. Especially for the 40 nm case, the ratio exceeds far beyond the bulk single 
crystal value.  
One thing to note here is that the PS removed samples and the PS included samples contain 
the domain walls made of the epitaxial dense film. The formation of these walls is inevitable 
because the colloidal self-assembly driven by solvent evaporation always leaves certain amounts 
of defective cracks between colloidal crystal domains after complete drying of the solvent. 
However, as exhibited in Figure 4.17, the areal densities of the walls are only 2.9, 3.5, 4.1, and 
5.5 % for the PS included samples with the diameters of 500, 200, 100, and 40 nm, respectively. 
As the relative errors of thermal and electrical conductivities measured in this study are usually 8 





Figure 4.16 – Plot of the electrical conductivity divided by the thermal conductivity of the Fe3O4 
films of this study as a function of pore diameter. As the pore diameter decreases, decoupling 
between the phonon and electron transports becomes pronounced.  
   
 
Figure 4.17 – Plane-view SEM images of the PS included samples at the pore diameters of 500, 
200, 100, and 40 nm, respectively, revealing the domain walls in the center. The areal density was 
calculated by dividing the area of the wall by the total area.  
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4.6    Conclusions 
In this chapter, we discussed the techniques for the cross-plane electrical conductivity 
measurement on the conductive thin films grown on the conducting electrode. Utilizing 4-point 
probe method combined with the differential thickness method, we could successfully rule out the 
contributions of the overall contact resistances to the total measured resistance. As the area of the 
Au top electrode was much larger than the film thickness in our study, the spreading resistance 
was negligible based on the Cox and Strack method.  
The electrical conductivity results were discussed using the magnetic and the optical 
properties. From the electrical conductivity ratio between the PS included and dense films, we 
could obtain the true effective medium approximation which was applicable to analyzing the 
thermal conductivity. At the smallest pore diameter, decoupling between the phonon and the 
electron transports was maximized, winding up with the excellent performance being far beyond 
the bulk single crystal. The epitaxial 3D nanoporous structure realized in this thesis study was 
proven to be very effective for tailoring the thermal and the electrical properties independently.  
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INTEGRATION OF COLLOIDS INTO A SEMI-FLEXIBLE NETWORK OF FIBRIN‡  
 
5.1    Introduction 
The field of colloid assembly developed based on particles dispersed in liquids without 
dynamic memory nor viscoelastic time-dependent responses1. Yet, complex systems of “particles” 
in viscoelastic polymer gels are ubiquitous in functional biological assemblies. For example, in 
the dynamically reconfigurable cytoskeleton, compact proteins, organelles and/or extended cross-
linkers permeate a large mesh gel composed of rod-like filaments (e.g. F-actin, microtubules)2,3. 
A fundamental understanding of colloid-polymer gel systems could allow novel material 
functionality to be realized via, for example, employing deformable networks as passive or active 
“internal fields” to control particle spatial organization and dynamics1,4. To achieve these visions, 
the standard highly extensible entangled gels composed of synthetic flexible chain polymers5 are 
inadequate since their meshes are small compared to colloid size and networks are relatively stiff.  
This motivates using large mesh fibrillar physical gels composed of assembled strands of 
high persistence length with a relatively small cross section2,6. A network with semi-flexible 
filaments i.e. with persistence length comparable to their contour length, exhibits strong strain-
stiffening in shear7. Within eukaryotic cells, active myosin II motors interact with a strain-
stiffening network of actin to cause strong contractile prestress that stiffen the cell8,9. Retaining 
such strain-stiffening properties of the composite is therefore desirable to allow the possibility of 
this type of functionality.  
Crosslinked biopolymer networks possess semi-flexible components and show strain-
stiffening attributes, for example, networks of actin, fibrin, collagen, vimentin and microtubules7. 
Actin and fibrin are the two best candidates for our study. Collagen network formation and 
morphology of constituent components is affected by temperature10, and there are conflicting 
scaling theories that attempt to relate network modulus to concentration11,12. Moreover, probe 
                                                 
‡ Results presented in this chapter were previously published in: Bharadwaj N. A. K.†, Kang, J. G.†, Hatzell, 
M. C.†, Schweizer, K. S., Braun, P. V. & Ewoldt, R. H. Soft Matter 13, 1430-1443, doi:10.1039/C6SM02141G 
(2017). † Equally contributing authors. Copyright Royal Society of Chemistry, 2017. 
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diffusion studies report a smaller mesh size for collagen networks, even at relatively low 
concentrations13. Additionally, networks of vimentin and microtubules have not been as 
extensively studied as actin and fibrin  and are not suitable choices as a model material. 
Crosslinked filamentous actin has a reasonably large mesh size and shows strain-stiffening, and 
could be used. Here we choose bovine fibrin14,15 as a model large mesh network. Bovine fibrin is 
easier and safer to handle (it is absent of human pathogens and thus requires a lower biosafety 
level) and has similar properties to human fibrin, which has been extensively studied16-19.  
Fibrin is a known active ingredient in a blood clot, which is a shear flow driven 
(bio)polymer-colloid (platelet) composite. This has inspired studies of shear driven assemblies of 
polymer-colloid composites20, and studies of fibrin integrated with soft deformable thermally 
responsive microgels that resemble platelets21. Fibrin matrix porosity is known to increase with 
microgel inclusion, allowing for better cell spreading and migration22. Fibrin based composites 
have also been considered for several biomedical applications23,24. Yet, fundamental studies of the 
resulting structure of engineered composites, and the relation of structure to mechanical properties, 
are incomplete. 
A network of fibrin is composed of very long fibrils of thickness d ~ 20-40 nm16,25 that 
form controllable meshes of pore size ξ ~ 1-10 µm26. Semi-flexibility in fibrin results from the 
large persistence length of constituent fibers, typically around 500 nm7,27, of the same order of 
magnitude as the fiber contour length. This produces nonlinear elastic stiffening of the network7,28-
30. Fibrin network elasticity is also well studied, both macroscopically18,31-35 and on the molecular 
scale19,36. It is also a versatile biomaterial that finds use in a variety of applications37. Fibrin gels 
have been used as skin grafts to treat injuries38, fibrin sealants39 have found great use in drug 
delivery, stem cell delivery, wound healing, tissue engineering and regeneration40-45.  
As model colloids, we use carboxylate modified polystyrene/latex (CML) particles of 
diameter d  200 nm and d  1000 nm46-49. The larger size coincides with the expected size range 
for other stimuli responsive colloids in a polymer matrix, for example, magnetically susceptible 
particles in a matrix of carrageenan50 and thermally sensitive microgels in fibrin21. Fibrin network 
formation around colloids has been attempted before21, but a systematic study of the limits of 
colloid inclusion, and the resulting phase behavior of such composites is pending. Fibrin formation 
in a colloidal environment is of significant interest in medicine. Natural and artificial colloids are 
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increasingly administered as intravenous fluids51 and they are known to interfere with fibrin 
polymerization, resulting in reduced clot firmness and strength52-56. Unmodified ultrafine 
polystyrene particles are known to not interfere in a blood clot, but carboxylate treated particles of 
the same dimension adversely affect thrombus formation57. A successful composite is therefore 
one that preserves network integrity and strength, combined with minimal colloid clustering and 
phase separation. With these goals, we aim to identify practical and useful experimental methods 
of general relevance for large mesh strain-stiffening network-colloid composites, which requires 
solving non-trivial materials selection and fabrication challenges (Figure 5.1).  
 
Figure 5.1 – Components of the colloid-polymer composite system. (a) Carboxylate modified 
latex (CML) particle size characterization, dynamic light scattering information suggests colloid 
aggregation in buffer (pH = 7.4). (b) Biopolymer fibrin network, confocal images showing fibrin 
network evolution with time. 
We have developed two scenarios for realizing CML colloid-fibrin composites. Method I: 
colloids and fibrinogen are combined in solution before thrombin-initiated polymerization, and the 
network is formed in the presence of the colloid particles. In Method II: colloids are driven into a 
pre-formed fibrin network via external electric field. The latter is the protocol in the spirit of the 
“quenched annealed” (QA) scenario analyzed theoretically1. Figures 5.2a and b show the 
schematic representation of each scenario. For both methods, we characterize the morphological 
 
 
Figure 1. Components of the c lloid p lymer co posite system. (a) C rboxylate modified latex (CML) 
particle size characterization, dynamic light scattering information suggests colloid aggregation in 
buffer (pH = 7.4) (see supplementary information for additional characterization details).(b) 





features using two-color laser scanning confocal microscopy and scanning electron microscopy. 
A highly relevant property is the resulting composite viscoelasticity. We report linear and 
nonlinear shear and extensional rheology of these composites. We will show that Method I offers 
more control of colloid concentration, but the maximum concentration attainable is limited by the 
ability of fibrinogen to polymerize into fibrin in the presence of the colloids, a difficult to control 
non-equilibrium process (see sections 5.3 and 5.4). Method II offers less control of colloid 
concentration, but allows much better structural control, improved dispersion of colloids in the wet 
gel matrix and demonstrates colloidal templating on the low-dimensional fibrin network (see 
section 5.5). 
 
Figure 5.2 – Methods of forming fibrin–CML colloid composites. (a) Method I: fibrin 
polymerization and network formation around CML colloids. (b) Method II: CML colloids driven 
electrophoretically (at 1 V for 1, 3, 5 minutes) into a pre-existing fibrin network. 
 
5.2    Experimental Methods 
5.2.1    Materials 
To minimize ionic species in solution, deionized water with a resistivity of 18.2 MΩ·cm 
(at 25 oC) was employed for the all experiments. A pH 7.4 aqueous buffer solution was prepared 
by mixing 25 mM HEPES, 150 mM NaCl, and 20 mM CaCl2 in Type I water.  
 
 
Figure 1.  Methods of forming fibrin-CML colloid compos te . (a ethod 1: Fibrin polymerization and 
netw rk formation around CML colloids, (b) Method II: CML colloids driven electrophoretically (at 1 V 







As model hard sphere colloids, we use commercially available suspensions of carboxylate 
modified polystyrene/latex (CML) colloids in water (4 % by weight, as supplied by Thermo Fisher 
Scientific, U.S.A). These are a suitable choice of colloids for our study since they can be tagged 
to fluoresce in a laser scanning microscope that enables wet state imaging, and compared to other 
surface treated colloids (sulfate-polystyrene), aggregate less under conditions of high ionic 
strength (up to 1 M). It is noteworthy that the fluorescent wavelength of the colloids is different 
than that of fibrin, allowing for non-intrusive two-color fluorescent imaging. They are 
monodisperse in nonionic solvents and also available in a wide range of sizes thereby serving as a 
suitable model choice of colloids with varying size. They also show well studied phase behavior 
that depends on the pH and ionic strength of the suspending medium58, factors important in our 
study. Dictated by these conditions, particles can either aggregate or stay dispersed in solution. 
Such conformations in combination with particle interaction with fibrin network elements can 
result in different microstructural states for the composite with different rheological properties. 
According to manufacturer specifications, the average particle diameter in water is 200 nm. 
We validate the hydrodynamic diameter (dc) (see Figure 5.1) and the zeta-potential of these 
colloidal particles in an aqueous environment using dynamic light scattering (Malvern, Zetasizer 
Nano ZS, U.K). CML suspensions in three different aqueous solutions are studied, i) buffer 
solution (HEPES), ii) deionized water and iii) Type 1 water. The diluted CML suspensions were 
then introduced into two different kinds of cuvettes for measuring the diameter and zeta-potential, 
respectively. The data was analyzed using the manufacturer provided Zetasizer software.  
Bovine fibrinogen (free of plasminogen and fibronectin) and thrombin were acquired 
commercially (Enzyme Research Laboratories, South Bend, IN, USA), and stocked at -60oC 
before use. Fibrinogen was thawed at 37oC and diluted to desired concentrations in the pH 7.4 
HEPES buffer. Factor XIII is present in fibrinogen and results in a covalently crosslinked network 
after thrombin initiated gelation. Thrombin was thawed in ice and diluted in the same buffer. Fibrin 
hydrogels were formed by mixing fibrinogen and thrombin to achieve the desired final 
concentrations of fibrinogen [F] and thrombin [T], and letting them react for an hour under near 





5.2.2    Microstructure visualization 
Scanning electron microscopy 
The internal structure of the dried samples were characterized with a field emission 
scanning electron microscope (FESEM; Hitachi, S-4700, Japan). Samples were prepared similar 
to existing studies59,60. Prior to imaging, the structure of fibrin (network) was preserved by fixing 
it overnight in a 2 % v/v glutaraldehyde solution in water. The samples were then dehydrated 
serially in 10, 30, 50, 70, 90, and then 100 % ethanol-in-water mixtures for 20 minutes in each 
solution. The treated samples were then dehydrated in a critical point drier (Tousimis, Autosamdri-
931, U.S) and coated with sputtered Au-Pd alloy to make them conductive. Samples observably 
shrank during the dehydration step. For SEM visualization of CML particles, dilute suspensions 
(1 % v/v in Type I water) were added dropwise onto a silicon wafer and dried in ambient conditions.  
Confocal microscopy 
A two-color laser scanning confocal microscope (Zeiss, LSM 700, Germany) was 
employed to observe the structure of hydrogels and their composites in their wet state. A 63x oil-
immersion objective lens (NA 1.4) was used. To facilitate non-intrusive two-color imaging of 
features in the fibrin-colloid composite, the emission wavelengths of individual components were 
separated by 60 nm. We purchased commercial fluorescently tagged CML suspensions 
(Thermofisher Scientific, U.S) with a 505/515 nm excitation/emission wavelength, respectively. 
Fibrinogen labeling was carried out in house with 5-carboxytetramethylrhodamine succinimidyl 
ester (TAMRA-SE; Thermofisher Scientific, U.S) having emission/excitation wavelengths of 
547/576 nm respectively. The fibrinogen labeling process is well described elsewhere61. For both 
techniques mentioned above, images are acquired at multiple (at least three) locations on a sample. 
SEM and confocal images shown here are selected to represent morphologies captured in 
individual image/micrographs. 
5.2.3    Rheology: shear and extension 
Shear rheology was performed on a separated motor-transducer (a.k.a. strain-controlled) 
rotational rheometer (ARES-G2, TA Instruments). Geometries used were 25 mm diameter 
stainless steel. A serrated plate was used to avoid slip with already-gelled samples. A cone, with 
smooth surface and one degree cone angle, was used for samples gelled while in contact with the 
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rheometer geometry, in which case slip was not observed. The bottom (flat) plate was maintained 
at 25°C by a water recirculating Peltier system. A solvent trap was also used to encapsulate the 
sample in a humid environment.  
For cone-plate rheometry (fibrin gelation occurring on the rheometer), precise volumes of 
fibrinogen and thrombin were mixed and pipetted onto the bottom plate, and the upper cone 
geometry was slowly lowered to squeeze into the sample. Care was taken to hold the bottom plate 
fixed as the sample was being squeezed.  
For parallel disk rheometry (fibrin gelation occurring prior to rheometry), a custom made 
mold (latex rubber, 1.8 mm thick, with 25 mm diameter hole cut out) was placed on the bottom 
plate. Required volumes of fibrinogen and thrombin were mixed and pipetted into the well, and 
fibrin polymerization and gel formation allowed to proceed for one hour. Constant voltage (1 V) 
electric fields are applied at this point for a fixed duration (1, 3 and 5 minutes). The top serrated 
geometry was then lowered to grip the sample, the surrounding well was then removed, and the 
sample was coated with mineral oil on the exposed edges to curb evaporation during the 
experiment. In total, we consider 16 combinations of fibrinogen and thrombin concentrations, 11 
of which with various colloid concentrations, totaling 54 total composition variations tested. All 
rheological measurements are repeatable to within  5 % accuracy, determined with duplicate 
measurements on all neat samples (without colloids) and select samples with colloids. 
Extensional rheology was performed using a dual-drum fixture (Sentmanat Extensional 
rheometer (SER)) on a combined-motor transducer (a.k.a. torque-controlled) rotational rheometer 
(DHR-3, TA Instruments). The SER fixture has counter rotating dual cylindrical drums that impose 
tensile loading on samples attached to them. We wrapped the cylinders in sand paper (600 grit) to 
prevent slip during deformation. We prepare samples following the method described in Wufsus 
et al.62. Fibrin gels (6.4 mg ml-1) and colloidal composites were formed in rectangular molds (20 
mm x 10 mm) on glass slides separated by polypropylene spacers (thickness 0.45 mm). To prevent 
sample adhesion, the glass slides were coated with 25 % Triton X-100 solutions in Tris-buffered 
saline (TBS). The thickness varied by < 1 % across the sample. The drums were rotated at a fixed 
velocity to maintain a constant, slow extensional deformation rate (  ̇ = 0.1 𝑠−1). The sample 
thickness was not independently measured, and we therefore report the engineering extensional 
stress. As an estimate of the potential true stress, if the material is incompressible, then at true 
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strains  = 1 (near the maximum imposed), the true stress would be 2.7x the engineering stress 
reported. This is a minor difference on the log scale used to report the stress.  
5.2.4    C-H-N elemental Analysis 
We use the carbon (C), hydrogen (H), nitrogen (N) elemental analysis technique to 
determine colloid volume fractions in the gel after electrophoretic deposition (for 1, 3 and 5 
minutes). Fixed sample volume gel-colloid composites were prepared (0.2 ml) and fixed, 
dehydrated, and critical point dried (identical to samples for SEM imaging). After determining the 
dry mass of each sample, they were stored in a desiccator to prevent moisture absorption. The 
weight percent (wt %) of C, H and N in each sample was then obtained using a CHN analysis 
instrument (Exeter Analytical, 440 CHN Analyzer). This instrument combusted samples, and 
gases corresponding to each element were then detected. Considering that nitrogen exists in fibrin 
(C5H11N3O2) and not in polystyrene, (C8H8)n, we could deduce the exact weight of C and H in 
fibrin from the experimentally determined wt % of N, the total weight of the dried sample, and the 
chemical formula of fibrin. From the exact weight of C and H in fibrin, the total weight of the dried 
sample, and the wt % of C and H in the dried sample, we obtain the exact amount of C and H in 
polystyrene, which eventually gives us the total weight of polystyrene present in the composites. 
Using the density of polystyrene (1.05 g ml-1), we convert the calculated weights of polystyrene 
into volumes in mL, and determine their volume fraction by dividing them by the starting volume 
of the wet-state hydrogels (0.2 ml). Duplicate measurements are performed to ensure 
reproducibility.  
 
5.3    Fibrin Composition Effects 
We discuss two scenarios for realizing CML colloid-fibrin gel network composites: one 
where colloids are present as the fibrinogen evolves into the fibrin network (Method I), and in 
another where we drive colloids into a fully evolved gel network (Method II). Figure 5.2a shows 
the case where we polymerize fibrinogen in the presence of CML particles, by adding thrombin to 
the fibrinogen-colloid mixture in the buffer solution. Figure 5.2b illustrates the other extreme, 
where we use external stimuli (electric fields) to drive CML particles into a pre-formed fibrin 
network. We study the morphology of the resulting composites using scanning electron 
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microscopy and two-color laser scanning confocal microscopy, and characterize them using linear 
and nonlinear shear and extensional rheology. We compare each technique for its efficacy in 
accommodating colloids into the gel matrix, in terms of the attainable range of colloid volume 
fraction, and the ability to retain strain-stiffening behavior that is present in the neat fibrin network. 
Fibrin polymerization involves a cascade of events, starting with thrombin-initiated 
formation of fibrinogen into protofibrils and culminating into a fully evolved three-dimensional 
network structure. This mechanism is described from a molecular perspective in Weisel & 
Litvinov63, and the final network morphology is known to depend on chemical conditions 
(especially pH and ionic strength, and in our case this may depend on colloid state of charge) and 
the starting concentrations of fibrinogen and thrombin.  
Figure 5.3a maps out the two-dimensional composition space of fibrinogen-thrombin 
concentrations considered for fibrin network formation in this analysis. The timescale of network 
formation and resulting network elasticity depend on the composition, as shown in Figure5.3b 
(varying only fibrinogen concentration [F]) and Figure 5.3c (varying only thrombin concentration 
[T]).  Some of the trends seen in Figure 5.3 can be found scattered in old literature, e.g. varying 
only thrombin64 or varying only fibrinogen34 with bovine fibrinogen. The qualitative trends shown 
in Figure 5.3 might also be expected from studies on human fibrin, which has received more 
attention7, as human and bovine fibrin are known to be similar9,19. 
The relevant length scales of the fibrin network are the length of a network fiber strand L, 
mesh size ξ, and fiber diameter D. For our system, we make estimates for these length scales using 
confocal microscopy, SEM imaging, dynamic light scattering and macroscopic shear rheology. 
For the fibrin gels we work with, we estimate the fiber diameter (Df) to a few tens of nanometers, 
but not exceeding 100 nm in any case (SEM imaging). The fiber diameter (Df) and fiber length 
(Lf) are dependent on the concentration of fibrinogen and thrombin. An increase in fibrinogen 
concentration results in fibers with smaller diameter without altering fiber length. Increasing 




Figure 5.3 – Fibrin network formation depends on the solution mixture composition; the network 
stiffness and transient gel formation timescale are determined by the concentration of fibrinogen 
[F] and thrombin [T]. (a) Two dimensional fibrinogen-thrombin composition space showing 
compositional formulations considered. Emphasis is on a particular combination of [F] = 6.4 g 
mL-1 and [T] = 1.5 U mL-1, used throughout this work (shown in black). (b) Fibrinogen 
concentration (in units of mg mL-1 for each case shown) primarily changes the network shear 
elastic modulus for a fixed [T] = 1.5 U mL-1; power law scaling is shown as inset. (c) Thrombin 
concentration primarily changes the timescale of network formation, shown at a fixed [F] = 6.4 
mg mL-1. Inset shows the half time (time to reach ½  of elasticity at 3600 s) decreasing with 
increasing [T], suggesting faster gelation for lager [T].  
We study a range of fibrinogen concentrations in Figure 5.3a ranging from 0.8 mg mL-1 
to 12.4 mg mL-1, but use results for 1.6 mg mL-1 and 6.4 mg mL-1 fibrin for the purpose of 
comparison here. The network mesh size (ξ) decreases with increasing fibrinogen concentration 
and scales as ξ ~ [F]-2 as estimated by visualization experiments26.Using this relation, we estimate 
𝜉1.6 𝑚𝑔 𝑚𝑙−1~ 2 𝜉6.4 𝑚𝑔 𝑚𝑙−1.  The change in mesh size can also be estimated from the network 
elastic shear modulus G0 (see Figure 5.3b inset). Assuming no significant change in other 
structural parameters (fiber diameter and length), we deduce G0 ~ ξ
 2
 from entropic models for 
semi-flexible networks65. Combining this relation with our measured values of G0  200 Pa for 1.6 
mg mL-1 and G0  1200 Pa for 6.4 mg mL
-1 fibrinogen (Figure 5.3b), we would expect 
𝜉1.6 𝑚𝑔 𝑚𝑙−1 =  2.5 𝜉6.4 𝑚𝑔 𝑚𝑙−1 . From confocal imaging, we further identify that the mesh size 
varies between 1 to 3 µm, and the fiber length ranges a few tens of microns (SEM images) for the 
fibrinogen concentrations considered in Figure5.3a. These estimates are consistent with earlier 
observed length scales in fibrin networks26.  
Our systematic experiments in Figure 5.3 serve as an important baseline before 
considering the addition of colloids to the system. The network morphology is also known to show 
strong dependence on calcium ion concentration66 and pH67, which we fix before gelation.   
 
 
Figur  1. Fibrin network formati n depe ds on the solution mixture composition; the network stiffness 
and transient gel formation timescale are determined by the concentration of fibrinogen [F] and 
thrombin [T]. (a) Two dimensional fibrinogen-thrombin composition space showing compositional 
formulations considered. Emphasis is on a particular combination of [F]=6.4 g/mL and [T]=1.5 U/mL, 
used throughout this work ( hown n black). (b) Fibrinogen concen ration (in units of mg/mL for each 
case shown) primarily changes the network shear elastic modulus for a fixed [T] =1.5 U/mL; power 
law scaling is shown as inset. (c) Thrombin concentration primarily changes the timescale of network 
formation, show  at a fixed [F]=6.4 mg/mL. Inset show  the half time (time to reach ½  of elasticity at 
3600s) decreasing with increasing [T], suggesting faster gelation for lager [T]. See Supplemental 





For a fixed thrombin concentration [T] = 1.5 NIH U mL-1, Figure 5.3b illustrates that 
fibrinogen content [F] increases the resulting elastic modulus of the network. Oscillatory time 
sweeps (0 = 1%;  = 1 rad s-1) track gel evolution up to a point where the elastic modulus is nearly 
a constant (3600 s), at which point we define an elastic (quasi-equilibrium) shear modulus G0. The 
gel elasticity is fit by the power law G0 ~ [F]
2 (see inset of Figure 5.3b). This is close to earlier 
observed scaling of G0 ~ [F]
2.2 for human fibrin68, and solutions of entangled semi-flexible fibers69.  
Figure 5.3c emphasizes the role of thrombin in the kinetics of gelation. Gelation kinetics 
are tracked using a half-time, t1/2, defined as the time for the gel to attain half its quasi-equilibrium 
elasticity (G'(t1/2) = ½ G0). Illustrated here for a fixed fibrinogen concentration [F] = 6.4 mg mL
-1, 
t1/2 progressively drops with increasing [T], indicating faster gelation for larger thrombin 
concentration [T]. The thrombin concentration does not significantly affect the gel elastic modulus, 
indicating that small amounts of thrombin are sufficient to facilitate initiation of protofibrils and 
subsequent gelation70. The concentration of thrombin [T] however provides a significant 
improvement on the ability of fibrin to form in the presence of colloids, as shown in the following 
section.  
 
5.4    Fibrin Polymerized in a Colloidal Suspension (Method I) 
In this method, fibrin network formation occurs in the presence of different concentrations 
of CML colloids. We vary the concentrations of fibrinogen (0.8 mg mL-1 to 12.4 mg mL-1) and 
thrombin (0.2 U ml-1 to 1.5 U mL-1) and systematically identify the range of achievable colloid 
volume fraction across the fibrin composition space (Figure 5.3a). This range of fibrinogen 
concentration includes physiological conditions (~ 2.4 mg mL-1), but our interests go beyond just 
physiological conditions. Our analysis is based on rheological measurements, observations from 
bi-fluorescent confocal imaging, and visual inspection of the resulting gel-colloid composite 
system.  
Colloid-fibrin composites are formed by thrombin-initiated gelation of a solution 
containing fibrinogen and colloids (see schematic in Figure 5.2a). For a desired volume fraction 
of colloids in the gel, required volumes of the colloidal solution are introduced into the fibrinogen 
buffer. In this solution, colloids are at an aggregated state with a larger average diameter, as seen 
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in the dynamic light scattering data in Figure 5.1a, and the confocal image in Figure 5.4a. The 
aggregation of colloids results from two simultaneously occurring events: a reduced screening 
length due to a high ionic strength buffer (20 mM CaCl2 and 150 mM NaCl), and van der Waals 
(vdW) attraction between high refractive index (n ~ 1.55) polystyrene particles71.  
 
Figure 5.4 – Representative microstructure of a composite formed with Method I: fibrin (1.6 mg 
mL-1) network evolution in the presence of CML colloids (f = 0.025 %). Two-color single plane 
confocal imaging shows signals from (a) fibrin (b) colloids (c) fibrin + colloids. Colloid clustering 
is evident in (b), fibrinogen recruitment is observed along colloidal clusters in (a), also seen in the 
combined image in (c). 
Network formation is initiated by adding thrombin (also in the same buffer) to the 
fibrinogen-colloid solution. Figure 5.4 shows the evolved fibrin network around colloidal clusters, 
for [F] = 1.6 mg mL-1 and [T] = 1.5 U mL-1. The (aggregated) colloids appear to attract fibrinogen 
present in solution, and the cluster size varies anywhere from 10 ~ 20 µm. The confocal image in 
Figures 5.4a and b provide evidence of fibrinogen recruitment to the colloid locations. Although 
this stops some of the fibrinogen from participating in network formation, the thrombin enzymatic 
reaction on fibrinogen still occurs in the presence of colloids. The affinity of fibrinogen to 
polystyrene is well known, and quantitative methods to estimate the extent of absorption are also 
well established72. This interaction can also be quantified by other experimental techniques such 
as dynamic light scattering and zeta experiments73, however this is beyond the scope of this work. 
Colloid clustering is observed for larger fibrinogen concentrations as well. The success of 
composite formation is tracked using oscillatory shear rheology, and in some cases, visual 
inspection is sufficient to capture macroscopic colloid phase separation. A higher fibrinogen 
concentration of 6.4 mg mL-1 has a larger elastic modulus (see Figure 5.3b) and changes to the 
network elasticity are more easily measured as a function of colloid volume fraction. For these 
 
Figure 1. Representative microstructure of a composite formed with Method 1: Fibrin (1.6 mg/ml) 
network volution in the presence of CML colloids ( = 0.025%). Two-color single plane confoc l 
imaging shows signals from (a) fibrin (b) colloids c) fibrin + colloids. Colloid clustering is evident in 





reasons, we use this higher concentration for the more detailed study of nonlinear rheological 
properties.  
Figure 5.5 demonstrates that larger colloidal diameters allow for a higher maximum 
volume fraction, based on measurements of fibrin network elasticity ([F] = 6.4 mg mL-1, [T] = 1.5 
U mL-1). The network evolves around CML colloids with diameters of 200 nm (Figure 5.5a) and 
1000 nm (Figure 5.5b). The larger diameter colloids permit larger colloid volume fractions to be 
accommodated in the gel matrix.   
 
Figure 5.5 – Larger colloid diameters allow for higher volume fractions of particles to be achieved 
in the composite (using Method I). Fibrin ([F] = 6.4 mg mL-1; [T] = 1.5 U mL-1) network elasticity 
in the presence of varying concentration of (a) 200 nm and (b) 1000 nm diameter colloids, probed 
by oscillation time sweeps at 0 = 1 % and  = 1 rad s
-1. The composite with 1000 nm particles 
accommodates a larger colloid volume fraction (up to  = 1.5 %). The 200 nm particles 
significantly interfere with fibrin formation at  = 1 %. Shaded light gray region corresponds to 
the minimum instrument torque resolution (0.05 μN m) which translates to G’min = 1.25 Pa. 
We rationalize this based on the attraction of fibrinogen to the colloids, and the different 
surface area to volume ratio of the differently sized colloids. For the same volume fraction, smaller 
colloids have a larger surface area and tend to absorb more fibrinogen in solution (compared to 
larger colloids). This reduces the number of fibrinogen units available for participation in network 
formation and disrupts network elasticity. This effect is shown in Figures 5.5a and b, where the 
1000 nm colloid composite displays measurable elasticity up to  = 1.5 %, whereas the composite 
with 200 nm colloids shows significant loss of elasticity at  = 1 %. The upper bound of  = 1.5 
% (for the 1000 nm colloids) was set by the concentration of colloids in solution as supplied by 
the manufacturer. This indicates that fibrin accommodates larger particles better than smaller ones, 
 
Figure 1. Larger colloid diameters allow for higher volume fractions of particles to be achieved in the 
composite (using Meth d 1).  Fibrin ([F]=6.4mg.mL; [T]=1.5 U/mL) etwork elasticity in the presence 
of varying con entration of (a) 200 nm and (b) 1000 nm diam ter colloids, probed by oscillation time 
sweeps at 0=1% nd  =1 ad/s. The composi e with 1000 nm particles accom odates a larger 
colloid volume fraction (up to  =1.5%). The 200 nm particles si nificantly int rfere with fibrin 
formation at  =1 %. Shaded light gray region corresponds to the mini um instrument torque 





at least for these diameters for which the particles stay suspended in solution before the onset of 
gelation.  
The success of composite formation depends on the composition of the fibrin network. For 
a fixed thrombin concentration, [T] =1.5 U mL-1, Figure 5.6  shows the accessible range of volume 
fraction for 200 nm colloids in fibrin networks at different fibrinogen concentrations.  
 
Figure 5.6 – Maximum achievable colloid volume fraction based on Method I depends on the 
fibrin network composition. Fibrin network forming in the presence of colloids (d = 200 nm), 
showing composite elasticity at 3600 s for fixed thrombin concentration [T] = 1.5 U mL-1. The 
composite elasticity decreases with colloid inclusion; higher fibrinogen concentration allows for a 
slightly larger colloid concentration. At 1 % colloids, all composites have elasticity that approaches 
instrument measurement limits. 
For the considered systems, the general trend is a decreasing composite elasticity with 
colloid inclusion, but a higher fibrinogen concentration accommodates slightly larger colloid 
volume fractions without much loss in network elasticity. This is true up to the point where colloid 
volume fractions are large enough to cause macroscopic phase separation (at  = 0.5%), and 
significant colloid clustering around fibrinogen ( = 1%) (shown in the photographs in Figure 
5.6). At  = 0.5%, gelation occurs but results in a heterogeneous composite with a significantly 
reduced network elasticity (shown as  in Figure 5.6). At  = 1%, noticeable colloid-fibrinogen 
aggregation occurs and interferes drastically with gelation. In this case, the elasticity of all 
composites approaches instrument measurement limits (shown as x in Figure 5.6) 
 
Figure 1. Maximum achievable colloid volume fraction based on Method 1 depends on the fibrin 
network comp sition. Fibrin network forming in the presenc  of colloids (d = 200 nm), showing 
composite elasticity at 3600 s for fixed thr mbi  concentration [T]=1.5 U/mL. The composite elasticity 
decreases with colloid inclusion; higher fibrinogen concentration allows for a slightly larger colloid 





We observe that the extent of colloid accommodation in fibrin also depends on thrombin 
concentration, and Figure 5.7 shows this dependence for three different fibrinogen concentrations 
with 200 nm colloids. The upper limits on successful composite formation are marked by the 
boundaries of shaded regions in the fibrinogen-thrombin-colloid regime map in Figure 5.7.  
 
Figure 5.7 – Regime map of successful composite formation using Method I, in the three-
parameter composition space {[F], [T], }; colloid diameter d = 200 nm. The limits on the regimes 
are determined by rheological measurements (Figure 5.6) and/or visual inspection. 
For smaller fibrinogen concentrations, [F] = 1.6 mg mL-1 and 3.2 mg mL-1, a larger 
thrombin concentration helps to accommodate more colloids. This is a surprising result, suggesting 
that the competition between fibrinogen association to the colloids and fibrinogen network 
formation seems to be governed by the presence of thrombin. At sufficient colloid concentration, 
macroscopic phase separation still occurs (outside the shaded region). At larger fibrinogen 
concentration, [F] = 6.4 mg mL-1, the ability of the network to accommodate colloids does not 
depend on the thrombin concentration; accelerated gelation kinetics still occur, as with the neat 
fibrin, for larger thrombin concentration For successfully attained composites Figure 5.7 (within 
the shaded region), the linear viscoelastic properties show statistically insignificant variations from 
those of fibrin (Figure 5.5).  
Figure 5.8 presents the measured shear and extensional nonlinear mechanical properties 
of the composites with different colloid volume fractions compared to neat fibrin (all at [F] = 6.4 
mg mL-1; [T] = 1.5 U mL-1). In Figure5.8a, the stress-strain hysteresis curves (also known as 
Lissajous-Bowditch curves) represent the response to large amplitude oscillatory shear (LAOS) 
experiments at imposed frequency  = 1 rad s-1. These raw data waveforms show a primarily 
 
Figure 1. Regime map of successful composite formation using Method 1, in the three-parameter 
composition space {[F],[T],}; colloid diameter d=200 nm. The limits on the regimes are determined by 
rheological measurements (Figure 6) and/or visual inspection.These data summarize detailed 





elastic network (little hysteresis) and intra-cycle strain stiffening, indicated by the upturn of stress 
at large positive strain.  
 
Figure 5.8 – Nonlinear oscillatory shear rheology at  = 1 rad s-1 for fibrin ([F] = 6.4 mg mL-1; 
[T] = 1.5 U mL-1)-colloid (d = 200 nm) composites, formed using Method I, shows (a) strain-
stiffening in the shear stress-strain Lissajous curves and, (b) strain stiffening and rate thickening 
in the viscoelastic moduli. (c) Nonlinear extensional rheology (  ̇ = 0.1 𝑠−1 ) shows strain 
stiffening and insignificant changes to the network fracture strength with colloid inclusion. Linear 
extensional stress is calculated from linear shear modulus G’ (for fibrin), and shown for reference. 
The waveform data can be described in many different ways74. Here, for brevity, we show 
only the first-harmonic moduli (Figure 5.8b), which are average measures of energy storage and 
loss during the nonlinear deformation. Inter-cycle strain stiffening, dependent on the strain 
amplitude, is evident from an increase in the first-harmonic viscoelastic moduli in Figure 5.8b. 
Strain stiffening in fibrin networks has been observed in experiments7,28,30,75 and predicted by 
theoretical models for isotropic semi-flexible polymer networks and networks of rigid filaments75. 
Notably, colloidal composites formed here also exhibit intra- and inter-cycle strain-stiffening, 
 
 
Figure 1. Nonlinear oscillatory shear rheology at  = 1 rad/s for fibrin ([F]=6.4 mg/mL; [T]=1.5 U/mL)-
colloid (d=200 m) composites, formed using Method 1, shows (a) strain-stiffening in e shear stress-
strain Lissajous curve  and, (b) strain stiff ning a d rate thickening in the viscoelastic moduli. (c) 
Nonlinear extensional rheology ( 10.1 s −=& ) shows strain stiffening and insignificant changes to the 
network fracture strength with colloid inclusion. Linear extensional stress is calculated from linear 




shown in (Figures 5.8a and b). This provides evidence that colloid inclusion does not interfere 
with the fibrillar properties of fibrin that are the origin of its strain-stiffening properties. It is also 
worth noting that the critical strain amplitude to see the onset of shear nonlinearity does not change 
with colloid inclusion under these conditions. These results can be explained with knowledge of 
morphology of the fibrin network (mesh size, fiber length and diameter) as a function of colloid 
concentration. This calls for future work with in situ high-resolution imaging of the microstructural 
elements of the fibrin network as they interact with colloids in the deformation field. Such a study 
will be illuminating and is possible in light of recent developments combining high resolution 
confocal imaging with rheometry76,77. 
The nonlinear properties of homogeneous gel-colloid composites are also probed in 
uniaxial extension (Figure 5.8c). Extensional stiffening is observed for fibrin and fibrin-colloid 
composites, indicated by the upturn of the stress-strain curves in Figure 5.8c compared to the 
linear reference. Gel fracture occurs around a true strain of  = 100 %, and it is noteworthy that 
colloid inclusion in the gel matrix does not affect the composite fracture strength adversely. The 
homogeneity in the distribution of colloids within the fibrin matrix allows for extensional testing 
of composites prepared with this method, but this was not true for the other fabrication methods 
that follow.  
5.5    Colloids Driven into an Evolved Fibrin Network (Method II) 
In this section, we investigate the possibility of introducing 200 nm colloids into a pre-
formed fibrin network, both passively by diffusion (unsuccessful) and actively by imposing an 
electric field (successful). When successful, the network fibers act as a template for low-
dimensional assembly of colloids. We characterize the morphology of the resulting gel-colloid 
composite using cross-sectional SEM imaging and two-color confocal imaging, and use shear 
rheology to study its mechanical properties (extensional rheology was not performed with samples 
prepared by Method II due to heterogeneous colloid distribution through the sample). In suitable 
cases, we use the technique of elemental analysis to calculate the colloid volume fraction in the 
composite.  
Attempts to passively introduce colloids through diffusion were unsuccessful, as confirmed 
by SEM images as shown in Figure 5.9. In these experiments, fibrin gels with known volume were 
prepared in a cylindrical mold (inner diameter 25 mm, height 1.5 mm), with the top surface 
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exposed to atmosphere. After gel formation, a circular wall (cut tube with inner diameter 50 mm, 
height 35 mm) is glued to the plate containing the gel, forming a well. Colloidal solution (1 % v/v 
in water) is filled into the well enclosing the inner well (with the fibrin gel) and left undisturbed 
for 24 hours. After 24 hours, the gel is carefully sliced into two halves along the diameter, and 
dried for SEM imaging. Figure 5.9 shows the cross-sectional SEM images of dried gels at three 
different locations along the cut cross section: top, middle and bottom. The absence of colloids in 
the SEM micrographs provides conclusive evidence that colloids do not diffuse through the gel 
after 24 hours. 
By imposing an electric field at a constant voltage of 1 V, the (charged) colloids were 
successfully driven into the gel matrix. The carboxylate groups in the CML particles carry a net 
negative charge (RCOO-) in solution and thus respond to the imposed electric field. We used an 
electrochemical cell setup (see schematic in Figure 5.2b), with conductive top and bottom surfaces 
serving as the counter and working electrodes, respectively. Known volumes of fibrin are pre-
formed onto the bottom surface and the cell is filled with the colloid solution. The charged colloids 
in solution are then electrophoretically driven into preformed fibrin gels ([F] = 6.4 mg mL-1; [T] = 
1.5 U mL-1) under conditions of constant voltage (1 V) held for three different time intervals, 
namely, one, three and five minutes, using a potentiostat/galvanostat (BioLogic, VMP3, France). 
The composite morphology is studied using confocal imaging in wet conditions and cross-
sectional SEM imaging in a dry state of the composite. Using the SEM micrographs in Figure 
5.10c, we estimate a mean mesh size of 1 ~ 3 µm, fiber diameter ~ 100 nm and a fiber length 
greatly exceeding the mesh size (difficult to quantify since fiber ends are not apparent in the image). 
The successful integration of colloids in the network, and a morphology of distributed, 
rather than aggregated, colloidal particles is validated by SEM images, shown in Figure 5.10 for 
different locations along the cross-section (top, middle and bottom) of dried gels for different 
intervals of deposition. The “top” surface indicates the location where fibrin contacts the colloidal 
suspension during electrophoresis, and the “bottom” where the gel contacts the metal substrate 
they rest on. The extent of colloid penetration into the gel varies directly with the duration of 
electro-deposition, and deeper regions require more time for colloids to penetrate. Three and five 
minute intervals for electro-deposition result in superior colloid penetration into the gel, in contrast 




Figure 5.9 – Hydrostatic loading of colloids into fibrin. Cross-section SEM images at (a) top, (b) 
middle, (c) bottom sections of the fibrin sample exposed to a hydrostatic head of a 1 % v/v CML 
colloid suspension for 24 hours. Colloids do not diffuse/penetrate into the gel. 
 
 
Figure 5.10 – Colloid penetration into the network depends on duration of electric field exposure. 
Cross-section SEM images of dried composites fabricated in 1 % (v/v) colloidal suspensions 
exposed to 1 V for 1 min (a-c), 3 mins (d-f), and 5 mins (g-i), respectively. Dense distribution 
observed in the 3 and 5 mins cases. Colloids tend to be distributed along fibers. 
The SEM images show colloids assembled along the fibrous structure of the network. We 
hypothesize the following assembly process. Upon application of the electric field, negatively 
charged CML particles are driven into the fibrin matrix. Even though the colloids and the fibrin 
network are both negatively charged (the isoelectric point of fibrin is 5.6, implying that the fibers 
 
 
Figure 1. Hydrostatic loading of colloids into fibrin. Cross-section SEM images at (a) top, (b) middle, 
(c) bottom sections of he fibrin sample exposed to a hydrostatic head of a 1% v/v CML colloid 






Figure 1. Colloid penetration into the network depends on duration of electric field exposure. Cross-
section SEM images of dried composites fabricated in 1 % (v/v) colloidal suspensions exposed to 1 V 
for 1 min (a-c), 3 mins (d-f), and 5 mins (g-i), respectively. Dense distribution observed in the 3 and 5 






are negatively charged in the pH 7.4 buffer), due to the high ionic strength of the buffer (~ 200 
mM) the screening length is short, and van der Waals attraction between the fibers and the colloids 
leads to assembly of the colloids on the network. At this point, we do not know if the colloids are 
free to translate or not during the electrophoretic infilling. Regardless, the process is not self-
clogging, as colloids continue to penetrate beyond the top portions of the gel. 
The colloid volume fractions in the composites are estimated using elemental (C-H-N) 
analysis (Table 5.1). Approximate volume fraction estimates can also be obtained from SEM and 
confocal images and these calculations are summarized in the supplemental information.  
Table 5.2 summarizes estimated colloid volume fractions for different field exposure times 
(1, 3, 5 mins). The colloid volume fraction increases monotonically with field exposure time. It is 
interesting that the maximum achieved colloid volume fraction in the gel is approximately the 
same as that of Method I (where fibrin was formed around colloids). However, in contrast to 
Method I, the composites fabricated using this method show little phase separation at the larger 
volume fractions. This can be explained by the electric field facilitated affinity of colloids to the 
fibrin template and the fact that a sticky fibrin network has been pre-formed, in contrast to the 
colloid-colloid attractions that resulted in aggregation and phase separation in Method I.  
Table 5.1 – Calculation of volume fraction of colloids in composites attained by electrophoretic 
deposition of colloids in fibrin. To ensure reproducibility, two samples were analyzed for each 
exposure time. (t: deposition time, Wdried: weight of the dried sample, WC: total weight of carbon, 
WH: total weight of hydrogen, WN: total weight of nitrogen, WColloids: weight of colloids, VColloids: 






















1 1.1 48.93 5.73 13.14 0.5382 0.0630 0.1445 0.3569 3.399E-04 1.700E-03 
1 1.1 48.51 6.15 13.13 0.5336 0.0677 0.1444 0.3571 3.401E-04 1.700E-03 
3 1.3 49.01 5.81 13.29 0.6371 0.0755 0.1728 0.4206 4.006E-04 2.003E-03 
3 1.3 49.07 5.87 13.25 0.6379 0.0763 0.1723 0.4230 4.029E-04 2.014E-03 
5 1.5 48.66 5.89 13.66 0.7299 0.0884 0.2049 0.4719 4.494E-04 2.247E-03 
5 1.5 48.62 6.20 13.07 0.7293 0.0930 0.1961 0.4909 4.675E-04 2.338E-03 
 
Table 5.2 – C–H–N analysis colloid volume fraction estimates for fibrin-colloid composites 
prepared by electro-deposition. 
Duration 1 min 3 min 5 min 




Viscoelastic properties of electrodeposited fibrin-colloid composites are measured from 
linear and nonlinear shear rheology with serrated parallel plates. Serrated plates are used because 
slip is a major issue with hydrated gels that are formed before contact with the rheometer fixture, 
as in this Method II. Gels were prepared on the rheometer as per the protocol described in Section 
2, and the serrated plates were lowered to maintain sample contact Oscillatory time sweeps at  = 
1 rad s-1 and strain amplitude 0 = 1% probe the linear viscoelastic properties in shear, and the 
response is well illustrated in Figure 5.11. When compared with the properties of the neat fibrin 
matrix, the linear viscoelastic shear moduli decrease with inclusion of colloids into the matrix. 
This is contrary to the general continuum mechanics prediction that particle inclusions result in an 
increase in the elastic modulus, as seen with particle inclusions in hydrogel composites78-80. 
Assuming a no-slip scenario at the geometry boundary, we attribute the decrease in elastic modulus 
to the loss/straining of physical bonds between fibers that now favor attractive interactions with 
colloids.  
 
Figure 5.11 – Linear oscillatory shear rheology ( = 1 rad s-1, γ0 = 1%) of fibrin ([F] = 6.4 mg ml
-
1; [T] = 1.5 U mL-1) and CML colloid (d = 200 nm) composites prepared under a constant voltage 
electric field (1 V) for different exposure times, namely 1 min, 3 min and 5 min. 
Nonlinear rheology gives further insight to the structure and properties of the resulting 
composites. Using large amplitude oscillatory shear rheology ( = 1 rad s-1), the resulting stress-
strain hysteresis curves show local intra-cycle stiffening for fibrin, both with and without exposure 
     
 
Figure 1. Linear oscillatory shear rheology ( = 1 rad/s, γ0=1%) of fibrin ([F]=6.4 mg/ml; [T]=1.5 U/mL) 
and CML colloid (d=200 nm) composites prepared under a constant voltage electric field (1 V) for 





to electric fields (Figure 5.12a). The maximum shear stress (corresponding to the maximum shear 
strain; 0  20%) decreases with colloid inclusion in the matrix (with electric fields), and is smallest 
for the case with maximum field exposure time (five minutes). Attributes of intra-cycle stiffening 
are progressively lost with exposure to electric fields, and this effect is quite pronounced for field 
exposure times of three and five minutes.  
Averaged viscoelastic moduli G'1 and G"1 (from the stress-strain curves) in Figure 5.12b 
reveals inter-cycle strain-dependent properties. The elastic modulus shows weak strain-softening 
and, at leading order, rate-thickening for fibrin. With field driven colloid inclusion in the gel, these 
effects are accentuated with a smaller critical strain to observe the onset of these nonlinearities. 
These signatures generally indicate yield or slip of the material, and we attribute this behavior to 
insufficient contact of fibrin to the serrated geometry (even though the serrations are a counter 
measure to avoid slip, they are insufficient under these conditions). For the composites, there may 
be contact with a thin layer of deposited colloids on the surface. The key take away is that the 
electrodeposition technique creates a material that is slippery, and fragile; as mentioned above, 
extensional rheology was not performed on these systems owing to the difficulty of sample 
handling and the heterogeneity in the distribution of colloids within the gel (illustrated in SEM 
images in Figure 5.10).  
 
Figure 5.12 – Method II, nonlinear oscillatory shear rheology ( = 1 rad s-1) for electric field 
enabled fibrin-colloid (200 nm) composites shows (a) intra-cycle stiffening at large strain 
amplitude γ0 = 20% and, (b) strain softening average elasticity G'1, and local maximum of loss 
modulus G"1, which suggest a yielding or slip response under these conditions. 
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5.6    Conclusions 
We have developed and studied two methods of combining 200 nm diameter carboxylate 
modified latex (polystyrene) particles with a semi-flexible biopolymer network of bovine fibrin. 
One method induces the fibrin network to polymerize and evolve in the presence of colloids in 
solution (Method I), and the other method electrophoretically drives colloids into a pre-formed 
fibrin network (Method II). For each method, Table 5.3 summarizes key observations from 
microstructure and mechanical property characterization of the resulting composites. For both 
methods, the CML colloids tend to associate with the fibrin template indicating colloid-fiber 
attractions beyond an adsorption threshold. This is significant in the context of recent replica 
integral equation statistical mechanical theory work which predicts beyond the threshold 
adsorption degree of fiber-colloid attraction, macroscopic colloid phase separation in pre-formed 
fiber networks is destroyed due to quenched disorder physics81.  
Table 5.3 – Summary of results from methods for preparing fibrin-CML colloid composites. 
The composites prepared using Method I showed colloid clustering before and after 
network formation, accompanied by fibrinogen recruitment in these regions. This implies the 
presence of competing colloid-colloid and colloid-fiber attractive interactions. The consequences 
of the latter is very complicated and hard to control since fibrin polymerization is occurring 
simultaneously with aggregation and adsorption processes. This is a general challenge to 
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by using surface treated particles, for example, poly-(ethylene glycol) (PEG)-coated surfaces that 
resist protein adsorption82, including fibrinogen72. 
Mechanical, linear viscoelastic properties of these composites showed strong dependence 
on the concentration of fibrinogen and thrombin, colloid size and volume fraction. In general, 
colloid inclusion in the matrix resulted in composites with a smaller elastic modulus than the neat 
fibrin network, which from our two-color confocal images we attribute to limited fibrinogen 
participation in network formation. For a given fibrinogen–thrombin combination, a minimum 
measurable elastic modulus and/or large scale phase separation identifies the maximum 
accommodable colloid volume fraction in which fibrinogen successfully forms a sample-spanning 
fibrin network. Fibrinogen polymerized in the presence of larger colloids (d = 1000 nm) is 
successful up to larger colloid volume fractions compared to those formed with smaller ones (d = 
200 nm), which we attribute to colloidal surface interactions with the fibrinogen and thrombin. 
Much like neat fibrin, nonlinear viscoelasticity from large-amplitude oscillatory shear (LAOS) and 
extensional experiments showed strain-stiffening in these composites formed by Method I. The 
composites formed using Method II showed templated assembly of colloids along fibers, and no 
macroscopic demixing or large colloid aggregates in the pore space of the fibrin network. This 
behavior is qualitatively different than the system fabricated using Method I, despite the fact that 
the sticky colloids are the same particles. The observed behavior based on Method II is thus 
qualitatively consistent with the theoretical idea81 that an effectively quenched fiber network, 
which attracts colloids beyond a critical adsorption threshold frustrates colloid macrophase 
separation. The resulting composite was not spatially homogeneous, but rather showed depth 
dependent heterogeneity, a signature it is not fully equilibrated. Such heterogeneity seems 
unsurprising given the field-driven protocol used to insert colloids into the fibrin gel and the likely 
situation that the attractions are quite strong. The heterogeneity and colloid volume fraction also 
depend on the electric field exposure time, consistent with the presence of non-equilibrium aspects 
of Method II based assembly. A larger exposure time permits superior colloid penetration into 
gel, and results in composites with larger volume fraction. The colloid volume fractions were 
estimated using elemental analysis. The volume fraction estimates in a wet state are close to those 
studied in Method I.  
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Mechanical properties of these composites were probed using shear rheology. The 
composites showed progressively smaller linear viscoelastic moduli with increased colloid 
inclusion in the gel, and displayed nonlinear strain-softening behavior in LAOS.  However, slip at 
the surface cannot be completely ruled out despite the use of serrated plates in these measurements. 
This calls for characterization of these composites using other techniques like active83,84 and 
passive microrheology85, and tools for measurement of local viscoelastic properties86. However, if 
this were a true material signature (free of experimental artifacts), the strain-softening may be a 
consequence of a weakened state of physical crosslinks between fibrin elements that now favor 
attractive interactions with colloids. 
We have chosen a particular colloid-biopolymer combination for this study, but the 
implications of our results extend beyond this combination. We are currently developing 
composites that combine the strain stiffening properties of the fibrin network with colloids that 
respond to external stimuli (e.g. temperature and magnetic fields). The principles for composite 
formulation in this study will be paramount in determining the optimum and obtainable colloid 
volume fraction in these other composites. We also believe that applications with these composites 
could be more useful with tunable interactions between colloids and the network87,88. This could 
be achieved either by tuning the colloid chemistry to attach/detach from the network elements, or 
alternately choosing a synthetic polymer network that can enable such transitions.  
Recent theoretical advances81 have also considered such large mesh composite systems 
where the fibrils form a quenched network. To suppress colloid macrophase separation, and realize 
massive structural re-configuration and property change (e.g., bulk modulus, electrical 
conductivity) requires control over the competing effects of fiber-colloid and colloid-colloid 
attractions and the many length scales that define the hybrid system. A bistable or switch-like 
equilibrium reconfiguration between a relatively dilute suspension of colloids in the network pores 
to diverse strongly adsorbed and percolated colloidal microstructures is predicted to be achievable 
under conditions of separated length scales:  L > ξ >> d >> D, where L is the length of a network 
fiber strand, ξ is the mesh size, d is the colloid diameter, and D is the fiber diameter. Our material 
choices satisfy such separation of length scales and holds the potential for allowing rational 
manipulation of intermolecular attractions. Specifically, the ability to control over a significant 
range the attractive interactions is critical to realize the novel microstructures theoretically 
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predicted81, and the theory at present assumes the fiber network is effectively quenched in place. 
Thus, fibrin is a useful system since it experiences very strong inter-fiber attractions and hence 
strong physical (and chemical) crosslinks, and colloid chemistry can potentially be manipulated to 
realize variable degrees of adsorption on the fiber network.  
Rich opportunities also exist for theoretical model development that can predict the 
structure and dynamics of semi-flexible polymer-colloid composites. Scaling relations have been 
proposed to capture the diffusion of spherical particles in a matrix of dynamically configurable 
networks of rod-like particles89. These studies are of practical importance and mimic vital in vivo 
features like the mass transport of proteins in a cell environment or their self-diffusion in a network 
of filamentous actin90,91 and nucleosomes in dispersions of DNA92. Other studies have considered 
colloidal spheres in xanthan dispersions93, solutions of living polymers94 and dilute suspensions of 
tobacco mosaic virus95. Such scenarios can be experimentally realized with the material choices 
in this work. For instance, removing factor XIIIa from fibrinogen prior to fibrin polymerization30 
will result in a composite where the fibrin network is transiently crosslinked. Beyond this, such 
composites can also be expected to show interesting transient dynamics under oscillatory shear 
deformation30. Fibrin-colloid composition space developed here is for conditions of constant 
buffer pH and ionic strength. Phase space can be expanded by controlling these parameters, 
permitting richer morphologies and phase behavior with this combination.  
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SWITCHABLE MECHANICAL PROPERTY OF PNIPAM COLLOIDS/FIBRIN 
NETWORKS HYDROGEL 3D COMPOSITES BY THERMAL ACTUATION‡ 
 
6.1    Introduction 
In Chapter 5, we discussed the significance of integrating the colloids into large mesh (~ 
100 nm to 10’s μms) polymeric gels in biological and biomedical fields1-4. We offered two 
different integration methods, a polymerization around the colloids and a driving the colloids into 
pre-formed polymer networks5. Based on our methods and the findings about the relation between 
the structure of composites and mechanical properties, here we extend our perspectives toward the 
development of dynamically reconfigurable assemblies of colloids/polymeric meshes, whose 
optical, electrical, or mechanical properties are reversibly switchable by means of external trigger 
forces such as temperature, pH, ionic, strength, electric/magnetic fields, and light6-12. 
We used the fibrin as a deformable polymer network gels to exert the internal fields on the 
assembled functional colloids. The details on the fibrin biopolymer gels are well described in 
Chapter 5 and some other references3,13-16. Meanwhile, we selected a thermal actuation as a trigger 
force that could induce the changes in the configuration and dynamic properties of 
colloids/polymer hybrids. Poly(N-isopropylacrylamide) (PNIPAM) is the most widely studied 
class of thermo-responsive soft materials, which can be fabricated as the linear chain brushes17-19 
or as the deformable microgels11,12,20-22. Figure 6.1 illustrates the chemical structure to help 
understanding of the thermo-responsive properties of PNIPAM, where the complicated 
hydrophilic/hydrophobic balance exists23. The hydrophilic region consists of the amide side chains 
which can bond to water through hydrogen bonding whereas the hydrophobic region is comprised 
of the isopropyl group which causes structuring of water11,23,24.  
                                                 
‡ The results in this chapter were obtained based on the collaborative works with Prof. Ewoldt group and 
Prof. Schweizer group. All the rheological measurements were performed by Gaurav Chaudhary at Prof. 
Ewoldt group. Confocal fluorescent imaging was performed by Dr. Bharadwaj (@ Nike), a former member 
of Prof. Ewoldt group, Prof. Hatzell (@ GIT), a former member of Prof. Braun group, and myself. 
Computational work is in progress by Ghosh Ashesh at Prof. Schweizer group.  
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PNIPAM shows endothermic, entropically driven phase transition from a random coil to a 
collapsed globule upon the external heating stimulus25,26. At low temperatures, PNIPAM interacts 
with water by hydrogen bonding primarily through the amide side chains, so that the water-
polymer interactions are stronger than the polymer-polymer interactions. The polymer is well 
solvated with the surrounding water molecules. At temperatures above ~ 32oC, the isopropyl group 
induces hydrophobic structuring of water and this results in entropy-controlled polymer-polymer 
interactions. As we ramp the solution temperatures up, the expulsion of structured water takes 
place due to weaker hydrogen bonding with water and polymer-polymer interactions become 
dominant, leading to coil-globule transition. The temperature where this phase change of non-
crosslinked polymer chains occurs is known as the lower critical solution temperature (LCST). 
The microgels comprised of cross-linked networks, exhibit thermo-responsive behavior at a so-
called volume phase transition temperature (VPTT), which is close to the LCST27,28.  
 
Figure 6.1 – Chemical structure of PNIPAM comprised of the hydrophilic (amide side chains) and 
hydrophobic (isopropyl groups) components. Adapted from ref. 23.  
In this study, we have synthesized two different types of thermo-responsive colloids. First 
is the hard sphere SiO2 nanoparticles of which PNIPAM linear chain brushes was grown on the 
surface via surface-initiated atom-transfer radical-polymerization (ATRP) method. Surface-
initiated ATRP is known as a powerful tool to grow the polymer brush due to the excellent control 
offered over the brush homogeneity and length17. Second is the lightly cross-linked PNIPAM 
microgels, which are the soft colloids, via surfactant-free emulsion polymerization (SFEP) 
method. In SFEP, the continuous phase needs to have a high dielectric constant (e.g. water) and 
ionic initiators are employed (e.g. K2S2O8; potassium peroxodisulfate)
29. Even in the absence of 






surfactant molecules and stabilize the growing microgel particles. SFEP is an ideally appropriate 
method for the preparation of PNIPAM microgels29.  
These two types of colloids were then integrated into semi-flexible networks of fibrin using 
the Method I developed in Chapter 5, polymerization of fibrin around the colloids5. The thermo-
sensitive 3D colloids/fibrin meshes hybrids, kinetically transformable functional materials, were 
characterized by means of multiple tools to study the structure-dynamics-property relationships.  
 
6.2    Experimental Methods 
A schematic of the research design overview of this chapter is represented in Figure 6.2. 
 
Figure 6.2 – Schematic illustrations showing the overall research processes designed for this 
collaborative work. 
6.2.1    Synthesis of SiO2 nanospheres 
We prepared the SiO2 hard sphere colloids by Stober method
30. A 500 ml round bottom 
flask was soaked in the base bath 2 days to prevent the heterogeneous particle growth on the 
contaminants. After rinsed with Type 1 water, the flask was sonicated with 300 ml of ethanol for 

























stirring egg bar and a stopper were also sonicated in ethanol followed by in isopropyl alcohol. 
Everything was rinsed with ethanol before use.  
We added 100 ml of ethanol in the flask and stir at 500 rpm. 10.5 g of Type 1 water and 3 
g of ammonium hydroxide (NH4OH) were added into the solution using Norm-ject syringes. 
Special attention was required so that the liquids do not touch the walls of the flask. After waiting 
30 mins for mixing, we added 5.2 g of tetraethyl orthosilicate (TEOS) all at once. We let the 
solution mix and react for 3 days. No re-growth process was performed.  
6.2.2    Surface-initiated ATRP of PNIPAM brushes on SiO2 nanospheres  
The surface-initiated ATRP growth of PNIPAM chain brushes on the SiO2 nanospheres 
was carried out using a previously published procedure with minor modifications17. The overall 
process is illustrated in Figure 6.317. The bare SiO2 nanoparticles (0.25 g) were centrifuged from 
aqueous suspension, and then cleaned with two cycles of centrifuge/disperse in ethanol. We 
sonicated the particles in 20 mL of ethanol for two days to stabilize the colloidal suspension, and 
then added 40 µL of aminopropyltriethoxysilane (APS, 99 %, Acros) into the suspension. The 
reaction proceeded for 1 day under ultrasonication.  
 
Figure 6.3 – Schematic illustrations of the surface-initiated ATRP process used for the growth of 
the PNIPAM chain brushes on the SiO2 nanospheres. Adapted from ref. 17. 
After two cycles of centrifuge/disperse cycles in ethanol and one cycle in dichloromethane 
(DCM), the SiO2 nanospheres were transferred into a glass jar where a solution of 267 mg of 2-
bromo-2-methylpropionic acid (BriBuA, 98 %, Acros) and 48 mg of 4-dimethylaminopyridine 
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(DMAP, 99 %, Acros) were dissolved in 30 mL of DCM. The suspension was cooled down to 0°C 
in an ice bath. Then, we added a solution of 413 mg of N, N’-dicylcohexylcarbodiimde (DCC, 99 
%, Acros) dissolved in 5 mL of cooled DCM into the suspension. The mixture was left to reach 
room temperature. The reaction was allowed to continue overnight under the consistent vortexing 
to prevent the particle aggregations.  
The initiator-grafted SiO2 nanospheres were purified by six cycles of centrifuge/disperse 
in chloroform, and then dispersed in 10 mL of a 1:1 (v/v) mixture of methanol and water in a 
Schlenk reaction flask (capacity 100 ml, Sigma-Aldrich) under 2 hours of sonication. Meanwhile, 
we dissolved 6.3 g of N-isopropylacrylamide (NIPAM, 99 %, Acros), 80 mg of copper (I) bromide 
(CuBr, 99.999 %, Acros) and 350 µL of 1,1,4,7,7-pentamethyldiethylenetriamine (PMDETA, 99+ 
%, Acros) in 50 mL of 1:1 (v/v) methanol/water mixture and then degassed by two cycles of freeze-
thaw processes. Using the Schlenk line setup, the solution was then transferred through a long 
canula into the degassed Schlenk flask containing the surface-initiator grafted SiO2 nanoparticles. 
The ATRP was carried out at room temperature under a nitrogen atmosphere for 48 hours. After 
the completion of the reaction, we disconnected the Schlenk flask from the nitrogen line, and then 
cleaned the PNIPAM-functionalized SiO2 nanospheres by five cycles of centrifuge/disperse in 
ethanol and water alternately.  
6.2.3    Synthesis of PNIPAM microgels by SFEP 
To make lightly cross-linked particles, we followed a recipe reported elsewhere with minor 
changes21,22. Type I water (100 ml) was filtered through a 0.2 µm Acrodisc syringe filter into a 
glass beaker. We dissolved 146 mM (1.65 g) of NIPAM monomer in the filtered water and then 
filtered the solution through a 0.2 µm Acrodisc syringe filter into a 3-neck round bottom flask. The 
solution was stirred at 500 rpm, purged with nitrogen, and heated to 45oC in a temperature-
controlled oil bath until the temperature of the solution became stable (1 hour typically). 
We injected a solution of 2.8 mM (80 mg) potassium peroxodisulfate (KPS, 99 %+, Sigma-
Aldrich) dissolved in 1 ml of the pre-filtered Type 1 water through a 0.2 µm Acrodisc syringe filter 
to initiate the polymerization. The temperature of the solution was ramped up to 68oC at a rate of 
1oC min-1 so that more precursor radicals could be consumed for the particle growth rather than for 
the nucleation22 to finally obtain the large microgel particles. The mixture was left to react under 
continuous stirring at 500 rpm in nitrogen atmosphere overnight. In the case of the fabrication of 
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dye-tagged microgels, we injected a solution of 1 mg of Rhodamine GreenTM (carboxylic acid, 
succinimidyl ester, hydrochloride, mixed isomers, Thermo-Fisher Scientific) dissolved in 20 ul of 
dimethyl sulfoxide (DMSO) into the monomer solution right before adding the KPS initiating 
solution. Figure 6.4 illustrates the entire nucleation and growth processes of the PNIPAM 
microgel particles31.  
 
Figure 6.4 – Schematics illustrating the growth of a PNIPAM microgel during the surfactant-free 
emulsion polymerization. The initial PNIPAM chains are formed and then collapse upon reaching 
a critical chain length. The collapsed chains then serve as seeds for the further growth of the 
microgels. Adapted from ref. 31. 
After the polymerization, we normal-cooled down the solution to the room temperature 
and filtered the solution with the glass wool five times to remove the large particulates. The 
microgel particles were thoroughly purified by five cycles of the centrifuge/dispersion processes. 
The centrifugation was done at 15000 xg of relative centrifugal force (RCF). The cleaned particles 
were then lyophilized for the purpose of further characterization. In Figure 6.5, the overall 
fabrication process of the PNIPAM microgels is visualized.  
 
Figure 6.5 – Schematics of the overall processes for the fabrication of the µm-sized, lightly cross-
linked, and highly-deformable PNIPAM microgels. 
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6.2.4    Characterization 
SEM & TEM 
The morphologies of the particles were characterized using field-emission SEM (FESEM; 
S-4800, Hitachi). Prior to imaging, we coated the sample using an Au-Pd sputter to enhance the 
imaging resolution. To image the dried state of the PNIPAM brushes on the SiO2 nanospheres, we 
collected the TEM images of the bare SiO2 nanospheres as well as the PNIPAM-SiO2 ones using 
a JEOL 2010 Lab6 TEM operated at 200 kV. Before imaging, the particles were dispersed in 
ethanol and then dropped onto a Holey carbon-coated Cu grid. The completely dried grid was 
loaded into the TEM sample holder.  
Dynamic light scattering (DLS) 
The diameter changes of the PNIPAM-SiO2 hard spheres and PNIPAM soft microgels 
upon temperature variation swept between 25 to 40oC, were investigated by DLS measurement 
(Zetasizer Nano ZS, Malvern). The temperature of the samples was controlled by automated 
heating/cooling system built in the Zetasizer. 
Confocal Raman spectroscopy 
Temperature-dependent Raman spectra of the pure PNIPAM microgels, pure fibrin 
hydrogels, and PNIPAM-fibrin gel composites were collected by means of a Horiba confocal 
Raman microscope (LabRAM HR 3D) equipped with a 532 nm laser. The temperature was 
changed using the same heated staged as the one used for the confocal imaging above. 
Confocal fluorescence microscopy  
(by Dr. Bharadwaj at Prof. Ewoldt group, Dr. Hatzell at Prof. Braun group, and myself) 
The structure of the tagged hydrogels in the wet state was examined by a two-color laser 
scanning confocal microscope (LSM 700, Zeiss) using a 63x oil-immersion objective lens (NA 
1.4). To perform two-color imaging of the PNIPAM-fibrin composites, different sets of 
excitation/emission wavelengths were selected. For the tagged-PNIPAM microgels, rhodamine 
green with 504/535 nm wavelengths was used, whereas for the tagged-fibrin, TAMRA-SE red 
(Thermo-Fisher Scientific) with 547/576 nm wavelengths was employed. The detailed description 
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of fibrinogen tagging process is well documented in a previous work32. The temperature was 
modulated from 25 to 35oC using a heated stage (Delta T, Bioptechs). 
Rheological measurement 
(by Gaurav Chaudhary at Prof. Ewoldt group) 
Shear rheology was performed on a Discovery Hybrid Rheometer (DHR3, TA instruments) 
using a 20 mm flat plate with 600 grit sandpaper. The temperature of the bottom plate was 
controlled by a water recirculating Peltier system.  
6.3    Morphology and Size of SiO2-based Nanospheres 
Figure 6.6 shows the plane-view SEM image of the bare SiO2 nanoparticles in their dried 
state. They are highly monodispersed and spherical with ~ 190 nm in diameter.  
 
Figure 6.6 – SEM image of the bare SiO2 nanospheres with 190 nm in diameter with high 
monodispersity grown by Stober method30. 
 
The difference in the morphology between the bare SiO2 and PNIPAM-grafted SiO2 
nanospheres was examined by TEM imaging, as exhibited in Figure 6.7. In the dried state, the 
size of the bare particles is ~ 180 nm in diameter, which corresponds to the SEM image. We clearly 
see ~ 5 nm thick PNIPAM brushes grown on the SiO2 particles in an inset of Figure 6.7b. This 






Figure 6.7 – Bright-field TEM images of the (a) bare SiO2 and (b) PNIPAM-tethered SiO2 
particles. The PNIPAM brushes are evidently observed in an inset of (b). 
Figure 6.8a represents the temperature-dependent size changes of the bare SiO2 and 
PNIPAM-SiO2 nanoparticles. The bare particles do not show any dependency on the temperature. 
In contrast, the hydrodynamic diameter of the PNIPAM-SiO2 particles reversibly changed between 
two temperatures, 25 and 40oC.  
  
Figure 6.8 – DLS measurements on the bare SiO2 and the PNIPAM-SiO2 nanospheres suspended 
in Type 1 water. (a) Plots of the hydrodynamic diameters of two particles upon multiple cycles of 
heating and cooling. (b) Top graph shows that polydispersity of the particles decreases with 
increasing temperature. Bottom schematics briefly display the change in the particle morphology 
during the heating up and cooling down.  
Comparing the diameter of the PNIPAM-SiO2 particles with that of the SiO2 particles at 
each temperature, we could deduce the thickness of the PNIPAM brushes in their wet state. At 



























PNIPAM brushes undergo ~ 75 % shrinkage upon heating. In addition, the polydispersity of 
PNIPAM-SiO2 nanospheres decreases as the temperature increases, as depicted in Figure 6.8b, 
due to the phase transition of the PNIPAM chains to the collapsed coil25,26. 
Although the PNIPAM brushes were successfully grown on the SiO2 hard sphere colloids 
and showed the thermo-responsive property in the size, we could not see any noticeable change in 
the mechanical performance upon thermal actuation during the rheological measurement on the 
PNIPAM-SiO2/fibrin composite hydrogels. This may originate from the fact that the total amount 
of the PNIPAM brushes in the colloids was too small to distort the structure the fibrin networks 
macroscopically. Most volume of the PNIPAM-SiO2 colloids is taken by the excluded volume of 
SiO2. In addition, the thickness of the PNIPAM chains is only ~ 60 nm in their wet state. To induce 
the spatial reorganization of the colloids/fibrin composites and hence to reversibly switch the 
macroscopic mechanical properties in response to the external stimulus, we adopted the highly 
deformable and lightly cross-linked PNIPAM microgels22 as an alternative colloid system.  
6.4    Morphology and Size of Pure PNIPAM Microgels 
The main purpose of the study in this chapter is to investigate the variations in the structure 
and dynamics of the PNIPAM/fibrin gel composites under a thermo-triggering force. We selected 
the fibrin as a viscoelastic media that has a dynamic memory and internal fields due to its large 
mesh size and highly deformable features3,13,14,33. As the mesh size of the fibrin is in the range of 
tens to hundreds of µms depending on the initial concentrations of the fibrinogen34, microgel 
colloids on µm scale in diameter, were required to trigger the spatial organization of the fibrin. 
Figure 6.9 demonstrates the confocal fluorescence (a) and optical microscope (b) images 
of the PNIPAM microgels in the wet state. Both indicates that the diameter of the particles range 
over 1.5 ~ 2.0 µm with a polydisperse nature at room temperature. To take a deeper look at the 
size characteristics, we carried out the DLS measurements on the microgel particles dispersed in 
the Type 1 water as well as in the fibrin buffer solution consisting of 25 mM HEPES, 150 mM 
NaCl, and 20 mM CaCl2, upon sweeping the temperature over 25 ~ 35
oC. At each temperature, 




Figure 6.9 – Microstructure visualization of the pure PNIPAM microgels in their wet state. (a) 
Confocal fluorescence microscopy image. (b) Optical microscopy image. 
In Figure 6.10a, we observe a typical thermo-responsive behavior of the PNIPAM 
microgels dispersed in deionized water21,31, where the ionic strength of the suspension is 
negligible. Upon heating, the hydrodynamic diameter of the microgels dramatically decreases at 
31 ~ 32oC from 1.6 µm to 500 nm, the VPTT of the PNIPAM. On cooling down, they recovered 
their size in a reversible manner.  
 
Figure 6.10 – DLS measurements on the pure PNIPAM micrgels dispersed in (a) Type 1 deionized 
water and (b) buffer solution of the fibrin. Continuous heating seems to make the particles get 
more aggregated due to reduced screening length in the fibrin buffer solution. 
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However, the microgels exhibit different thermo-responsive behaviors in the fibrin buffer 
solution from that in deionized water, as shown in Figure 6.10b. During the ramping up, the 
diameter keeps increasing above the VPTT, which was not observed in the deionized case. Besides, 
the particle size increases monotonically rather than drastically upon cooling down, resulting in 
the hysteresis. 
The origin of these phenomena appears to be the high ionic strength of the buffer solution. 
The microgels would aggregate much more than in deionized water because the repulsive force 
between the particles would reduce dramatically in the presence of a large amount of ionic salts35. 
During the persistent heating above the VPTT, the microgel particles would keep suffering from 
the van der Waals (vdW) attractions consistently with other particles in the weak repulsive 
interactions35. On cooling, the aggregated particles would require more time to completely 
overcome the strong vdW interactions, leading to the detection of the larger diameters in the DLS 
measurement than the ramping up case. 
We monitored the change in the particle diameter in the buffer solution upon continuous 
five cycles of the heating and cooling processes as represented in Figure 6.11. During the 
subsequent cycles (b to e), the microgels still show the reversible thermo-responsive behavior, 
analogous to that of the 1st cycle (a). Upon heating, the size of the microgel particles keep 
increasing above the VPTT for all cycles. The hysteresis behaviors were observed persistently 
during the entire cycles as well. The data collected upon heating and those collected upon cooling 
were separately plotted in Figures 6.12a and b, respectively. They reveal that the particle sizes at 
each temperature are all similar within an error regardless of the cycle number for both heating 
and cooling cases. This is a clear indication that our system is fully reversible.  
 
6.5    Rheology of Pure Microgels and Microgels/fibrin Composites 
(by Gaurav Chaudhary at Prof. Ewoldt group) 
We first measured the rheological properties of the pure PNIPAM microgels as a control 
experiment. Figure 6.13a shows the plots of the storage modulus against the temperature at the 
different PNIPAM concentrations. One distinctive behavior is that the pure microgel suspensions 
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soften with increasing temperature due to the shrinkage of microgels above the VPTT36,37. We also 
observed the elastic response was dominant over the viscous response (not included here).  
 
Figure 6.11 – Consistent trends of the diameter changes of the PNIPAM microgels in the buffer 
solution upon continuous five cycles. (a – e) correspond to first to fifth cycles, respectively.  
 
 
Figure 6.12 – Cycle independent behaviors of the diameter of the pure microgels in the fibrin 
buffer solution during five cycles of the (a) heating and (b) cooling, respectively. 



























































































































































Figure 6.13b demonstrates the storage modulus curves of the PNIPAM microgels/fibrin 
composites as a function of the temperature at the different PNIPAM concentrations from 0 ~ 3 wt 
%. Upon heating up, the composites exhibit multifold jump in the shear elastic modulus, which 
becomes more pronounced at the higher concentration of the microgels. This stiffening behavior 
of the composites beyond the VPTT is significant because the pure fibrin networks have a 
monotonic decay of modulus with increasing temperature and the pure microgels just soften upon 
heating up.  
 
Figure 6.13 – Rheological measurements on the (a) pure PNIPAM microgels and (b) PNIPAM 
microgels/fibrin networks composites, respectively. The pure microgels soften with increasing 
temperature whereas the composites stiffen beyond the VPTT. Data were measured by Gaurav 
Chaudhary at Prof. Ewoldt group. 
 
6.6    Origin of Thermo-responsive Stiffening on Microscopic Level 
(by Dr. Bharadwaj at Prof. Ewoldt group, Dr. Hatzell at Prof. Braun group, and myself) 
To elucidate the origin of thermally induced stiffening of the PNIPAM microgels/fibrin 
networks composites, we first carried out the confocal fluorescent imaging. In a two-color confocal 
lasers system, the total of three channel images were collected at the same time, as exhibited in 
Figure 6.14. The first, second, and last row images are acquired from the fibrins only, from the 
PNIPAM microgels only, and from the both, respectively. When we heated the composites starting 
from 25oC, the whole structure of the composites changed dramatically beyond 29oC, which is 
slightly lower than the VPTT of the PNIPAM. This seems to be caused by the shrinking behavior 
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of the PNIPAM microgels beyond the VPTT, where the entropically-driven phase-transition of the 
PNIPAM takes place25,26.  
 
Figure 6.14 – Confocal fluorescence microscopic images of the microges/fibrin composites as a 
function of the temperature from 25 ~ 35oC. Top, middle, and bottom row images correspond to 
the fibrin only, PNIPAM only, and combination of the two, respectively. Images were taken by 
Dr. Bharadwaj at Prof. Ewoldt group, Dr. Hatzell at Prof. Braun group, and myself. 
Since the microgels surround the fibrin networks, the configurational changes in the former 
should influence on the spatial organization of the latter. Three top row images clearly show the 
variations in the structure of the fibrin network upon ramping up. The fibrin is a well-known 
material which shows the strain-induced stiffening behavior14-16,38-40. The polymer strands in the 
fibrin networks are cross-linked to each other, so they act as if they are elastic springs that attempt 
to go back to the original positions under any external strain14-16. Similarly, in our composites, 









stress in the fibrin networks, thereby leading to the stiffening of the composites. This could be 
considered one origin of the sudden jump in the elastic moduli upon heating. 
 
6.7    Origin of Thermo-responsive Stiffening on Molecular Level 
We additionally collected the Raman spectra of the pure fibrin, pure PNIPAM microgels, 
and composites at 25 and 39oC respectively so as to approach this stiffening behavior from the 
molecular level. Top curves in Figure 6.15 show that the thermal actuation does not have any 
effects on the conformational changes in the molecules of the pure fibrin.  
 
Figure 6.15 – Confocal Raman spectroscopy measurements at two different temperatures, 25 and 
39oC on the (top) pure fibrin, (middle) pure PNIPAM microgels, and (bottom) PNIPAM 


























However, the pure PNIPAM microgels exhibit the thermo-responsive Raman shift 
characteristics as shown in the middle curves. Upon heating up, three Raman shift bands 
corresponding to the amide III, CH3 deformation, and amide I appear beyond the VPTT
41-43. The 
evolutions of the amide I and amide III bands having hydrophilicity are attributed to the exposure 
of these molecular groups to the bulk suspension resulting from the breaking of the hydrogen 
bonding with water41. The CH3 deformation band is known to be created by a non-resonant-
enhanced mode of the isopropyl group44. 
 The bottom curves indicate that the PNIPAM microgels/fibrin composites show 
completely different thermo-responsive behaviors from the pure fibrin and the pure microgels. At 
25oC, due to the presence of the fibrin, the three bands originating from the amide III, CH3 
deformation, and amide I are pronounced. However, all of them disappear beyond the VPTT, in 
contrary to the case of pure microgels. Presumably, as soon as those molecules in the PNIPAM 
are exposed by the entropically driven phase-transition to the hydrophobicity above the VPTT, 
they would bond immediately again with those in the surrounding fibrin networks, which could be 
considered polymer-polymer interactions. This would lead to the extinction of three bands in the 
Raman spectra. In addition, my hypothesis is that these polymer-polymer attractions taking place 
on the molecular scale would be another origin of the thermally-induced stiffening behaviors of 
the composites.  
 
6.8    Conclusions 
As an expansion of the work in Chapter 5, we have synthesized two different types of 
functional colloids including the PNIPAM brushes-tethered SiO2 hard spheres and the lightly 
cross-linked PNIPAM microgels using the surface-initiated ATRP and the SFEP methods, 
respectively. Both colloids demonstrated the dynamically switchable behaviors in response to the 
temperature variations. Due to the large excluded volume of the SiO2 nanospheres and the small 
amount of the PNIPAM brushes, we could not observe any changes in the storage moduli of the 
composites consisting of the PNIPAM-SiO2 colloids and the fibrin networks.  
However, the composites comprised of the PNIPAM microgels and the fibrin networks 
demonstrated multifold increase of the elastic modulus beyond the VPTT. At this moment, we 
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attribute this strain-stiffening behavior to the following two origins. One is the generation of the 
internal stress field by the macroscopic volume shrinkage of the PNIPAM microgels by an external 
thermal field. The other is the formation of new polymer-polymer attractions between the 
PNIPAM and the fibrin networks originating from the reconfiguration and rebonding at the 
molecular level. To understand this phenomenon more in depth, Ashesh Ghosh at Prof. Schweizer 
group is working on the development of the theory based on the statistical mechanical approaches. 
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CONCLUSIONS AND FUTURE DIRECTIONS 
 
7.1    Summary of Thesis Research 
 Through colloidal assembly, we realized two different types of the 3D functional materials. 
First, the self-assembled hard sphere colloidal crystals enabled us to fabricate multiple classes of 
inorganic 3D functional meso/nanostructures which have potential uses in the thermal 
management applications including thermoelectric power generation and power electronic 
devices. The epitaxially grown Fe3O4 nanostructures with the pores 40 nm in diameter were 
confirmed to have the superior crystal qualities and the high material filling fraction. More 
interestingly, these materials exhibited the ultra-low thermal conductivity and the half-metallic 
electrical conductivity at the same time, which could be utilized as the electrically conductive 
thermal insulators.  
Second, the PNIPAM soft colloids in the form of the microgels, which internally have the 
thermo-responsive functionalities, were synthesized, and then combined with the viscoelastic 
fluids consisting of fibrin networks. These colloids/fiber network hydrogel composites 
demonstrated the dynamic switching in the mechanical properties under the thermal actuation. 
They showed multi-fold increase in the elastic modulus around the VPTT, which would be due to 
the strain-stiffening of the fibrin networks induced by the spatial reorganization of the active 
PNIPAM colloids. 
In conclusions, this work ultimately utilized the colloidal assembly phenomena from the 
templating to the stimuli-responsiveness. The materials themselves and the strategies we adopted 
could offer new opportunities for the material engineers working in the diverse applications over 
the energy conversion to the microelectronics to design the advanced materials, modules, and 






7.2    Future Directions 
 Above all, we could attempt to evaluate the thermoelectric zT of these epitaxial Fe3O4 3D 
nanostructures with the pores 40 nm in diameter. The remaining task is to measure the Seebeck 
coefficient. Similar with the thermal conductivity measurement, due to the porous features of these 
materials, the measurement itself would be quite challenging. However, the fabrication process 
should be technically based on the microfabrication platform described in Chapter 3 developed 
for the 3ω measurement, with minor modifications.  
 Although the electroplating through the colloidal crystals grown on the epitaxial PbS film 
was not enabled in this study, I believe that upon the optimal conditions, the PbS should be grown 
through the complex 3D geometry of the colloidal crystals because the bulk electrical conductivity 
of the PbS and that of the Fe3O4 are almost similar. Besides, as the seed layer is comprised of the 
epitaxial PbS, not of another materials, the epitaxial nucleation process will take place much easier 
than the case of the Fe3O4 on gold layer.  
 From the perspectives of the practical usage of the single crystal Fe3O4 3D nanoporous 
structures, we would try to imbed this material into the power electronic devices which requires 
both thermally isolation and electrical conduction at the same time. When designing the current 
power electronics, engineers first consider the electrical performance and then take care of the 
thermal accommodations due to the limited choice of the materials. This tends to limit the overall 
system performance when the thermal barriers are met, to restrict ability to design devices that 
route the heat to the desired location, and to increase cost. To tackle these issues, the single crystal 
Fe3O4 3D nanostructures could be located where the thermally sensitive components in the devices 
need to be protected by the heat generated by circuits but still need to efficiently transfer the 
electric signals to the surroundings. Though the way of incorporating the materials into the 
modules or devices has not been fully developed yet, due to the eco-friendly and abundant 
components such as Fe and O, and the simple process based on the 3 steps including the colloidal 
self-assembly, the electroplating, and the template removal, I believe these materials would play a 
key role when meeting with the proper demands.  
 The dynamic modulation of the mechanical properties of the materials triggered by external 
stimuli has been a key issue in the biorobotics and biomimic applications. More specifically, for 
the near future application, the PNIPAM/fibrin networks composite hydrogels would be imbedded 
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in the biomedical devices which need to dynamically change the mechanical pressures on the 
living body depending on the body states. If the way of sensing the body states is using the changes 
in the body temperature, these composite materials would ideally suit.  
 The theoretical approach toward revealing the origin of the strain-stiffening behavior of 
the colloids/fiber composites could be another intriguing work. Once the origin is clearly 
identified, this will offer new opportunities of designing the different combinations of the 
composites by predicting their behaviors more accurately and realistically based on the statistical 
mechanical theories developed for the hybrid composites. 
 
 
 
 
 
 
